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The electrification of transportation systems and energy storage for distributed 
power generation require safe and cost-effective battery systems with 
performance better than what is available in the current generation of 
lithium-ion batteries. The latter are mainly constrained by the use of 
carbon-based anodes, which limit the gravimetric capacity to ~ 372 mA h g-1 
and their low Li+ insertion potential (< 0.2 V versus Li/Li+) is susceptible to Li 
metal deposition in high rate applications. Among the potential substitutes for 
carbon anodes, materials which are based on earth abundant elements (Si, Ti, Fe 
and Mn) are most alluring from cost and environmental perspectives; if they can 
provide good electrochemical performance in the reversible storage of Li+. 
Unfortunately these low-cost and safe materials in their bulk form are known for 
poor electrical conductivity and/or volume changes in discharge-charge cycling. 
Recent research has shown that nanosizing and nanocompositing could improve 
the material performance but often an increase in one performance area is 
compensated by the decrease in another performance area. A rational approach 
to the design of anode materials has yet to be developed fully. 
 
This thesis project aims to demonstrate some new approaches in the design of 
anode materials based on the earth abundant elements of Fe, Mn, Ti and Si. 
Compositional and structural modulations were carried out at different length 
scales; and component integration was engineered to maximize the 
 IX 
complementarity of component interactions. Specifically these methodologies 
include bulk property modifications (heteroatom doping, size reduction), surface 
modifications (conformal coating, interfacial defects) and microstructure 
tailoring (heterostructure designs, mesoporosity, controlled aggregation of 
nanosized subunits) and some others. Some of the products with the proper 
design delivered very satisfying overall performance for the respective class of 
materials.  
 
Topically the thesis is divided into nine chapters. Chapter 1 outlines the 
motivations and the scope of work. Chapter 2 is a survey of current literature 
relevant to this thesis research. The various anode materials developed in this 
thesis study are discussed in Chapter 3 to Chapter 8. Specifically, Chapter 3 
describes the design of disk-like γ-Fe2O3 microparticles with a nanocarbon 
coating to deliver favorable mixed-conducting properties for Li+/e- transport in 
the anode. Chapter 4 demonstrates the multi-functionality of a nitrogen-doped 
carbon matrix derived from the pyrolysis of ionic liquid, which improved the 
reversibility and cyclability of Fe3O4 as an anode material. This surface 
modification technique was also applied to the design of C/Si composites, where 
the encapsulation of ultrafine Si nanocrystals in a mesoporous N-doped carbon 
matrix provided very good cycle stability for a Si anode (Chapter 5). 
 
 X 
Chapter 6 and Chapter 7 report our investigations of Ti-based compounds which 
store Li+ in the vacant sites of their crystal structure. TiO2 microspheres with 
different morphologies and microstructures were synthesized by a facile 
solvothermal process (Chapter 6), in order to deduce 
structure-morphology-property relationships for furthering the performance of 
TiO2 microspheres. Chapter 7 focuses on the fluoride doping of Li4Ti5O12 (LTO) 
to increase the conductivity of the latter for more facile electrode kinetics. 
 
Chapter 8 discusses the optimization of iron doping and the creation of 
hierarchical porosity in manganese oxide anodes for optimizing the concurrent 
electronic and ionic wirings of the active material in electrochemical reactions. 











LIST OF TABLES 
 
Table 3.1 Key process parameters and products of the CVD treatment of 
α-Fe2O3 disk-like microparticles. ...................................................................... 45 
 
Table 5.1 Physical properties from N2 sorption isotherms for various SiO2 
and C/Si products. .............................................................................................. 87 
 
Table 6.1 Physical properties from N2 sorption on the synthesized TiO2 
microparticles. ................................................................................................. 110 
 
Table 7.1 Summaries of key preparation parameters, phase identity and 
chemical composition of carbon encapsulated LTO composites. ................... 134 
 
Table 8.1 EDX analysis of Fe: Mn molar ratios in macro/mesoporous 
manganese oxides with different amounts of iron dopant. .............................. 157 
Table 8.2 XPS analysis of the oxidation states of iron species in the Fe-doped 






LIST OF FIGURES 
Figure 1.1 Abundance (atom fraction) of elements in Earth's upper 
continental crust as a function of atomic number. ............................................... 2 
 
Figure 2.1 The working principle of the LIB. .................................................... 10 
Figure 2.2 (a) FESEM image of hollow core–shell microspheres of crystalline 
SnO2 nanoparticle aggregates; (b) FESEM image of a SnO2 microsphere with 
broken shell revealing the hollow core–shell structure; (c) Specific capacity 
versus cycle number plots of electrodes prepared from the hollow core–shell 
microspheres of crystalline SnO2 nanoparticle aggregates. ............................... 22 
Figure 2.3 Schematic illustration showing hollow SnO2 spheres with and 
without the LTO coating. ................................................................................... 29 
 
Figure 3.1 (a) XRD pattern of the disk-like α-Fe2O3 microparticles formed 
after 8 h hydrothermal synthesis; (b) FESEM image of the α-Fe2O3 
microparticles; (c) TEM image of the α-Fe2O3 microparticles (d) HRTEM 
image of the front face of a single microparticle; Inset in (c) high 
magnification of TEM image of a single α-Fe2O3 microparticle; (d) SEAD 
pattern of the front face of the disk-like microparticle. ..................................... 39 
Figure 3.2 XRD patterns of products after different time of hydrothermal 
reaction .............................................................................................................. 40 
Figure 3.3 TEM images of the product after (a) 15 min, (b) 40 min, (c) 1 h, (d) 
1.5 h, (e) 4 h, (f) 8 h, (g) 16 h of hydrothermal reaction; (h) FESEM image of 
product after 8 h of hydrothermal reaction without surfactant in the control 
experiment; (i) FTIR spectra of dehydrated PVA after 8 h and 16 h of 
hydrothermal treatment at 140°; Inset in (h) high magnification FESEM image 
of the cube-like nanoparticles. ........................................................................... 42 
Figure 3.4 (a) TEM image of Sample I; (b) FESEM image of the Sample I; (c) 
FESEM image of Sample II; (d) HRTEM image of Sample II; (e) FESEM 
image of Sample III; (f) HRTEM image of Sample III. .................................... 45 
Figure 3.5 (a) XRD patterns of Samples I-III; (b) XPS spectra of Samples II 
and III. ............................................................................................................... 46 
 XIII 
Figure 3.6 (a) Discharge capacity versus cycle number plots for the disk-like 
α-Fe2O3 microparticles and its CVD treated products (Sample I to Sample III) 
measured at a current density of 100 mA g-1; (b) the 1st discharge-charge 
curves of Sample I, Sample II and Sample III. .................................................. 47 
Figure 3.7 The 2nd, 10th, 20th, 30th discharge-charge curves of Sample I, 
Sample II and Sample III. .................................................................................. 48 
Figure 3.8 Cycling stability of sample II tested at different current densities. . 50 
 
Figure 4.1 (a) Schematic view of the preparation procedures; (b) XRD 
patterns of (b-1) hydrothermal product, (b-2) C-Fe3O4 composite, (b-3) 
N-C-Fe3O4 composite; (c) FESEM images at low and high magnifications 
(inset) of hydrothermal product; (d) TEM image and HRTEM image (inset) 
of C-Fe3O4 composite; (e) TEM image of N-C-Fe3O4 composite; (f) SEM 
image of N-C-Fe3O4 composite and EDX element maps of Fe, N, and C; (g) 
XPS survey spectra of C-Fe3O4 composite and N-C-Fe3O4 composite; The 
inset of (g): High-resolution N 1s spectra of N-C-Fe3O4 composite. ................ 61 
Figure 4.2 TGA curves of C-Fe3O4 and N-C-Fe3O4 composites with 
different carbon ratios. ....................................................................................... 62 
Figure 4.3 (a) Discharge capacity versus cycle number plots of C-Fe3O4 
composite and N-C-Fe3O4 composites measured at a current density of 100 
mA g-1; (b) The 1st discharge-charge curves of C-Fe3O4 composite and 
N-C-Fe3O4 composite; (c) The 2nd, 10th, 25th discharge-charge curves of 
C-Fe3O4 composite and N-C-Fe3O4 composite; (d) Cycling stability of 
N-C-Fe3O4 composite evaluated at different current densities. ......................... 63 
Figure 4.4 Nyquist plots of N-C-Fe3O4 and C-Fe3O4 electrodes (inset) after 
cycling at the current density of 100 mA g-1. The frequency range used for 
the measurements was 100 kHz–0.01 Hz. All measurements were conducted 
in the delithiated state. ....................................................................................... 67 
Figure 4.5 XPS spectra of the N-C-Fe3O4 electrode and C- Fe3O4 after 1 
cycle at the current density of 100 mA g-1: (a) Li 1s, (b) C(1s), (c) F(1s) and 
(d) Fe (2p). ......................................................................................................... 69 
Figure 4.6 XPS spectra of the N-C-Fe3O4 electrode and C-Fe3O4 after 30 
cycle at the current density of 100 mA g-1: (a) Li 1s, (b) C(1s), (c) F(1s) and 
(d) Fe (2p). ......................................................................................................... 69 
 
 XIV 
Figure 5.1 Schematic showing the synthesis and structures of different C/Si 
composites in this study. .................................................................................... 74 
Figure 5.2 (a) FESEM image of SiO2 nanoparticles synthesized by the sol-gel 
process; (b) TEM images of SiO2 nanoparticles at low and high 
magnifications (inset); (c) FESEM image of IL-C-Si-HS composite; (d) TEM 
image and HRTEM image (inset) of IL-C-Si-HS composite; (e) High 
magnification STEM image and EDS element maps of N, C and Si; (g) 
High-resolution N 1s spectra of IL-C-Si-HS and G-C-Si composites. .............. 81 
Figure 5.3 (a) FESEM image of IL-C-SiO2 composite; (b) TEM image of 
IL-C-Si-HS composite; (c) FESEM image of G-C-SiO2 composite; (d) TEM 
image and HRTEM image (inset) of G-C-Si composite. .................................. 82 
Figure 5.4 XRD patterns of C/Si composites prepared in three different ways.
 ........................................................................................................................... 84 
Figure 5.5 (a) TEM images of PEI-SiO2 composite at low and high (inset) 
magnifications; (b) TEM images of PEI×2-SiO2 composite at low and high 
(inset) magnifications; (c) Nitrogen adsorption/desorption isotherms of SiO2 
nanoparticles, PEI-SiO2 and PEI×2-SiO2 composite nanoparticles; (d) 
Pore-size distributions of SiO2 nanoparticles, PEI-SiO2 and PEI×2-SiO2 
calculated by the DFT method; (e) TEM image and HRTEM image (inset) of 
IL-C-Si-MS composite; (f) TEM image and HRTEM image (inset) of 
IL-C-Si-MS-2 composite. .................................................................................. 86 
Figure 5.6 (a) Nitrogen sorption isotherms of IL-C-Si-HS, IL-C-Si-MS and 
IL-C-Si-MS-2; (b) Pore-size distribution plots of IL-C-Si-HS, IL-C-Si-MS 
and IL-C-Si-MS-2 computed by the DFT method. ........................................... 86 
Figure 5.7 TGA curves of various C/Si composites. ......................................... 89 
Figure 5.8 (a) Cycling performance of G-C-Si, IL-C-Si-HS and IL-C-Si-MS 
at low current density of 200 mA g-1; (b) Cycling performance of IL-C-Si-MS 
at current density of 1 A g-1; (c) The 1st, 2nd, 10th, 30th charge-discharge curves 
of G-C-Si, IL-C-Si-HS and IL-C-Si-MS composites; (d) Cycling stability of 
IL-C-Si-MS composite at different current densities. ....................................... 90 
Figure 5.9 Sum of irreversible capacity loss (ICL) during the cycling of 
various C/Si electrodes. ..................................................................................... 93 
 
Figure 6.1 (a) FESEM image of MS-1; (b) TEM image and HRTEM image 
(inset) of MS-1; (c) TEM image of YMS; (d) TEM image of HMS; (e) Low 
 XV 
and high (inset) TEM images of MS-2; (f) Low and high (inset) TEM images 
of MS-3. ............................................................................................................ 103 
Figure 6.2 (a) FESEM image of solid TiO2 microspheres formed with no water 
present in the solvothermal synthesis; (b) low and high (inset) magnification 
FESEM images of HMS; (c) TEM image of the shell of HMS; (d) TEM image 
of TiO2 irregular aggregates formed at a H2O/Ti mole ratio of 2; (e) TEM 
image of TiO2 microspheres formed when urea was absent in the solvothermal 
reaction; (f) FESEEM images of TiO2 microspheres when  isopropanol was 
the solvent in the synthesis; (g) FESEEM images of TiO2 microspheres when 
glycol was the solvent; (h) FESEM image of the TiO2 microspheres where no 
PVA was present in the solvothermal reaction. ................................................ 104 
Figure 6.3 XRD patterns of MS-1, HMS, MS-2 and MS-3. ............................ 108 
Figure 6.4 Nitrogen sorption isotherm of MS-1 and corresponding pore size 
distribution (inset). ............................................................................................ 108 
Figure 6.5 (a) Nitrogen sorption isotherms of HMS and MS-2; (b) 
corresponding pore size distributions of HMS and MS-2. ............................... 109 
Figure 6.6 Electrochemical properties of the synthesized TiO2 microspheres. 
(a) Cycle stability of synthesized TiO2 microspheres at the 2C rate; (b) Rate 
performance of MS-1, HMS and MS-2; (c) Dependence of specific capacity 
on C-rate for MS-1, HMS and MS-2; (d) Discharge-charge profiles of MS-1.110 
Figure 6.7 Discharge curves of the MS-1 electrode at different C-rates. (Data 
obtained from the 5th cycle) .............................................................................. 112 
Figure 6.8 1st cycle discharge curves of MS-1, HMS and MS-2 at 0.2C. ....... 113 
Figure 6.9 Discharge-charge curves of (a) HMS and (b) MS-2 electrodes. .... 113 
Figure 6.10 Nyquist plots of delithiate MS-1, HMS, MS-2 and MS-3 TiO2 
electrodes after 50 cycles of discharge and recharge at 0.5C. The frequency 
range used for the measurements was 100 kHz–0.01 Hz. ................................ 116 
 
Figure 7.1 (a) TEM image of TiO2-BB; (b) TEM images of C-FLTO-2 at 
low magnification; (c) HRTEM image of C-FLTO-2; (d) High magnification 
STEM image and EDS line scan analysis of a C-FLTO-2 cross-section. 
(Purple, green, cyan and red lines show the distributions of titanium, oxygen, 
carbon and fluorine respectively.) ................................................................... 127 
 XVI 
Figure 7.2 (a) TEM image of TiO2-MS obtained from 2 h hydrothermal 
reaction; (b) TEM image of TiO2-HS obtained from 16 h hydrothermal 
reaction; (c) TEM and HRTEM (inset) images of C-FLTO-1; (d) TEM image 
of C-FLTO-3; (e) HRTEM image of C-FLTO-3; (f) Low and high (inset) 
TEM images of C-LTO2X. ............................................................................. 128 
Figure 7.3 XRD patterns of the carbon encapsulated LTO composites .......... 131 
Figure 7.4 TGA curves of carbon encapsulated LTO composites with 
different carbon contents. ................................................................................ 132 
Figure 7.5 (a) F 1s core-level XPS spectrum of C-FLTO-2. (b) Superposition 
of the normalized Ti 2p core spectra of C-FLTO-2 and C-LTO-2X, and the 
difference in their spectral features. ................................................................ 135 
Figure 7.6 F 1s core-level XPS spectra of C-FLTO-3 before and after gradual 
argon sputtering. .............................................................................................. 135 
Figure 7.7 (a) Cyclability of C-FLTO-1, C-FLTO-2, C-FLTO-3 and 
C-LTO2X at the 1 C rate; (b) Cycle stability of C-FLTO-2 at various C rates; 
(c) The discharge-charge curves of C-FLTO-2 and C-LTO2X electrodes at 
different C rates; (d) Nyquist plots of de-lithiated C-FLTO-2 and C-LTO2X 
electrodes after 50 cycles of discharge and recharge at 1C. The frequency 
range used for the measurements was 100 kHz–0.1 Hz. ................................. 138 
Figure 7.8 Dependence of capacities on C rate for C-FLTO-2 and C-LTO2X.
 ......................................................................................................................... 142 
Figure 7.9 Post-mortem TEM images of (a) C-FLTO-2 and (b) C-LTO2X 
electrodes. ........................................................................................................ 144 
 
Figure 8.1 (a) Schematic illustration of the breath figure method. (b) Top 
view and (c) cross-sectional view SEM images of the amine-functionalized 
BPPO membrane. ............................................................................................ 152 
Figure 8.2 (a) Top view and (b) cross-sectional view SEM images of the 
BPPO membrane. ............................................................................................ 152 
Figure 8.3 FTIR spectra of  BPPO and amine-functionalized BPPO 
membranes. ...................................................................................................... 154 
Figure 8.4 (a) Schematic illustration of the preparation of hierarchical 
macro/mesoporous metal oxide structures; (b) FESEM images at low and 
high magnifications (inset) of Fe-doped MnxOy-2; (c) TEM images at low 
 XVII 
and high magnifications (inset) of Fe-doped MnxOy-2; (d) SEM image of 
Fe-doped MnxOy-2 and EDX element maps of Mn, Fe, and O; (e) Nitrogen 
adsorption-desorption isotherms of Fe-doped MnxOy-2 and corresponding 
pore size distribution (inset). ........................................................................... 155 
Figure 8.5 (a) XRD patterns of the Fe-doped manganese oxides (black 
arrows indicate diffraction peaks indexable to α-Mn2O3, green arrows 
indicate diffraction peaks indexable to Mn3O4; red arrows indicate diffraction 
peaks indexable to α-Fe2O3); (b) XPS spectra in the Mn 2p region for 
Fe-doped manganese oxides; (c) XPS spectra in the Fe 2p region for 
Fe-doped manganese oxides. ........................................................................... 158 
Figure 8.6 FESEM and TEM (inset) images of (a) Fe-doped MnxOy-0, (b) 
Fe-doped MnxOy-1, (c) Fe-doped MnxOy-3, (d) Fe-doped MnxOy-4. ............. 159 
Figure 8.7 (a) The 1st and 2nd discharge-charge curves of Fe-doped MnxOy-2 
electrode; (b) Cycle stability of Fe-doped MnxOy-0, Fe-doped MnxOy-1, 
Fe-doped MnxOy-2, Fe-doped MnxOy-3 and Fe-doped MnxOy-4 measured at 
200 mA g-1; (c) Cycling stability of Fe-doped MnxOy-2 at different current 
densities; (d) Long-term cycling performance of  Fe-doped MnxOy-2 at a 
high current density of 1500 mA g-1. ............................................................... 161 
Figure 8.8 Dependence of the capacity on current density for Fe-doped 
MnxOy-0, Fe-doped MnxOy-1, Fe-doped MnxOy-2, Fe-doped MnxOy-3 and 
Fe-doped MnxOy-4 composites. (Data obtained from the 10th cycle) ............. 164 
Figure 8.9 (a) The 1st discharge-charge curve of Fe-doped MnxOy-2 
electrode with blue circles marking the potential regions of interest; (b) 
Ex-situ Fe 2p XPS spectra of Fe-doped MnxOy-2 sampled at the selected 
discharge and charge potentials. (The red dotted lines show the positions of 
the Fe 2p peaks for trivalent iron in Fe2O3; the green dotted lines show the Fe 
2p peaks of zero-valent iron; the blue dotted lines are the Fe 2p peaks of iron 
(III) fluoride. .................................................................................................... 166 
Figure 8.10 Nyquist plots of Fe-doped MnxOy-0 and Fe-doped MnxOy-2 
electrodes charged to 1.3 V in the first cycle at the current density of 200 mA 
g-1. .................................................................................................................... 168 
Figure 8.11 Nyquist plots of Fe-doped MnxOy-0 and Fe-doped MnxOy-2 
electrodes after 25 cycles of discharge and recharge at the current density of 





LIST OF ABBREVIATIONS 
LIB Lithium ion battery 
EV Electric vehicle  
HEV Hybrid electric vehicle 
Li Lithium 








1D One-dimensional  
PVA Polyvinyl alcohol  
ICL Irreversible capacity loss 
SEI Solid electrolyte interface 
LTO Lithium titanium oxide  
 XIX 
CNTs Carbon nanotubes 
[C8mim][Cl] 1-octyl-3-methylimidazolium chloride  
RTIL Room temperature ionic liquid 
TEOS Tetraethyl orthosilicate 
CTAB Hexadecyltrimethyl-ammonium bromide  
PEI Poly(ethyleneimine) 
ROCO2Li Lithium alkylcarbonates  
CNT Carbon nanotubes 
CVD Chemical vapor deposition 
BPPO 
Bromomethylated poly (2,6-dimethyl-1,4-phenylene 
oxide) 
CMC Carboxymethylcllulose 
EC Ethylene carbonate 
DMC Dimethyl carbonate 
PVDF Polyvinylidene fluoride 
NMP N-methylpyrrolidone 
DEC Diethylene carbonate 
FESEM Field-emission scanning electron microscopy 
TEM Transition electron microscopy 
XRD X-ray diffraction 
 XX 
STEM Scanning transmission electron microscopy 
EDX Energy-dispersive X-ray spectroscopy 
FT-IR Fourier transform infrared spectroscopy 
XPS X-ray photoelectron spectroscopy 
BET Brunauer-Emmett-Teller 
BJH Barrett-Joyner-Halenda 
DFT Density functional theory 
TGA Thermogravimetric analysis 
EIS Electrochemical impedance spectroscopy 









CHAPTER 1 INTRODUCTION 
1.1 Background  
The induction of renewable energy resources (wind, solar, nuclear and 
hydropower) into the energy system necessitates an effective storage solution 
to buffer the mismatch between energy supply and energy demand.1,2 The most 
accessible storage technology that can store and release energy directly as 
electricity is rechargeable battery systems.3,4 Among them the lithium ion 
batteries (LIBs) are the most advanced form, providing high energy density 
concurrently with long cycle life, low self-discharge rate and design flexibility. 
Thus far LIBs have been the de-facto power source for small electronic 
products. There has been immense interest in scaling up the LIBs for large 
applications, such as electric vehicles (EVs) and grid-scale energy storage.5 
However, the present LIB technology is not optimized for these large scale 
applications where safety, cost-effectiveness, durability and rate performance 
are of paramount importance. While engineering ingenuity may provide 
solution to some extent, it is generally agreed that innovation in active 
electrode materials is still the best approach to significantly improve the LIB 
performance.4,6-8  
 
The durability of LIBs is dependent on the anode material which is almost 
exclusively based on the graphitic forms of carbon. Graphite anodes have 
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some notable advantages: low cost, non-toxicity, widespread availability and 
stable cyclability at low rates. However, their performance in the 
aforementioned large-scale applications is limited by a specific capacity which 
maxes out theoretically at 372 mA h g-1 and a very low Li+ intercalation 
voltage (< 0.2 V versus Li/Li+) which may cause Li metal deposition (a safety 
hazard) in high rate operations.9,10 One obvious solution is to identify carbon 
anode replacements which have higher gravimetric capacities and lithiation 
potentials. The anode innovation should also focus on nontoxic materials from 
earth abundant resources to reduce the environmental impact and lower the 
manufacturing cost. This thesis project focuses on formulating potential 
substitutes for the carbon anode based on the rock-forming earth abundant 
elements of Si and Fe, Ti, Mn (Figure 1.1).7,11,12  
 
Figure 1.1 Abundance (atom fraction) of elements in Earth's upper continental 
crust as a function of atomic number.11 
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Among the alternative anode materials that have been investigated to date, Si 
has several well sought-after features such as a very high theoretical capacity 
(4200 mA h g-1 versus 372 mA h g-1 for the graphite anode), natural abundance 
(about 28% by mass of earth’s crust), low cost and nontoxicity.13 However, the 
actual deployment of bulk Si anode is hindered by a large volume change in 
the electrode during alloying and dealloying of Li (~300 %), which causes the 
pulverization of the Li+ storage host.14,15 As a result, bulk Si electrodes exhibit 
serious capacity fading upon cycling. Furthermore, the rate performance of Si 
anodes is also impeded by their low electrical conductivity and low Li+ 
diffusivity at room temperature.16,17  
 
Ti is another rock-forming abundant element that makes up 0.45 % of the 
earth’s upper continental crust. Among the Ti4+ (the most stable oxidation state 
of Ti) compounds which dominate the titanium chemistry, TiO2 with its 
various polymorphs; and lithium titanium oxide (Li4Ti5O12, LTO) exhibit 
interesting Li+ storage properties for power-oriented applications: In spite of 
their relative low theoretical capacities (168 mA h g-1 for anatase TiO2 and 175 
mA h g-1 for LTO), lithiation occurs at a relatively “safe” potential of 1.5 V 
(versus Li/Li+) and above. In addition, the Li+ intercalation/de-intercalation 
reactions in either anatase TiO2 or LTO incur very small volume changes and 
hence good cycle stability is theoretically possible.18-20 However, the 
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tetravalent Ti in TiO2 or LTO contains empty 3d states, which characterize 
these Ti-based compounds electrical insulating properties.19,21,22   
 
Fe and Mn are two other rock-forming elements in the earth-crust with 
abundance of 5% and 0.1% respectively. Iron oxides and manganese oxides 
(MOx, M = Mn, Fe) could store large quantities of Li+ based on the conversion 
reaction MOx+2xLi++2xe-↔xLi2O+M.12 However, the practical performance 
of these oxides in the bulk form is lackluster for a number of reasons: slow 
electrode kinetics, low ionic and electronic conductivities, as well as volume 
changes in cycling due to the conversion reaction.23 
 
The most common strategy for improving the cyclability of alloy anodes and 
transitional metal oxide anodes is nanostructuring, where the solid state Li 
transport length is reduced and the tolerance to the stress and strain from 
repetitive lithiation/de-lithiation cycles could be improved.24,25 Compositing 
with electrically conductive medium or buffer matrix which could cushion the 
volume changes is another effective means to improve the cycling 
performance.26-28 For Ti based anodes, various nanoengineering methods have 
also been proposed as mitigation measures for the electrical conductivity 
improvement, such as heteroatom doping, morphology and microstructure 
tailoring as well as compositing with conductive matrices.21,29,30,31,32 
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1.2 Objectives and scope 
The electrode innovation should focus on either the exploration of new type of 
materials or modification of the existing materials for Li+ storage by optimizing 
the dimensionality, microstructure, morphology and surface properties.33 In this 
thesis study, the main objective is to develop effective methodologies of 
fabricating high-performance anode materials based on earth-crust abundant 
elements (Si, Ti, Fe, Mn), and mitigating their common issues such as slow 
electrode kinetics, poor capacity retention, low capacity and rate performance; 
and large irreversible capacity loss (ICL), which limited their acceptance in 
actual practice. There are also efforts on knowledge extraction from the 
experimental findings; and testing the general applicability of the proposed 
design concepts. The projects covered in this thesis are the following: 
 
The development of a carbon coated porous γ-Fe2O3 microparticles with 
mixed-conducting properties was therefore investigated first. The composite 
was fabricated as a core-shell structure to maximize the complementarity of an 
electrochemically active core and a carbon coating of nanoscale thickness. 
There was sufficient porosity in the core region for electrolyte percolation and 
the nanocarbon coating electrically integrated the γ-Fe2O3 microparticles.34,35  
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Although electrochemical measurements of the carbon coated γ-Fe2O3 
composite showed good cyclability, the quality of pyrolyzed carbon shell still 
fell short of the needs in electrical conduction and surface modification.36 The 
second project of this thesis study therefore developed a method for 
encapsulating iron oxide with a Nitrogen (N)-doped carbon matrix, making use 
of the known fact that N-doped carbon is more electrically conductive.37 The 
carbon matrix was derived from a room temperature ionic liquid (RTIL), 
leveraging on the fluidic properties of the latter to penetrate into the interstice 
within the oxide nanoparticle aggregates. Electrochemical characterizations of 
the N-doped carbon coated Fe3O4 microspheres showed higher rate 
performance and significantly reduced ICL during the first cycle of use 
compared with other metal oxide anode materials in the literature. 
 
The RTIL was also used as a carbon source for the fabrication of C/Si 
composites. Besides the multiple functions discussed in the aforementioned 
C/Fe3O4 composite, the as-developed N-doped carbon network also 
containerized the SiO2 (Si precursor) during magnesiothermic reduction, and 
prevented the aggregation of Si nanocrystals in the high temperature 
preparation. The RTIL after carbonization formed a mesoporous N-doped 
carbon network dispersed with ultrafine crystalline Si nanoparticles which 
demonstrated good mixed-conducting properties for reversible Li+ storage. 
 7 
The low ICL value of the N-doped carbon/Si composite confirmed the general 
utility of RTIL as a liquid carbon source for modifying the electrochemical 
processes occurred at the electrode-electrolyte interface. 
 
The next two chapters describe the design and fabrication of Ti-based anode 
materials for power-oriented applications. A variety of mesoporous TiO2 
microparticles with customizable morphologies were first synthesized by a 
facile, inexpensive and environmentally benign solvothermal process. 
Electrochemical measurements identified one type of microspheres which had 
the optimized microstructure for reversible Li+ storage: fine anatase TiO2 
nanocrystallites compacted into microparticles with uniform mesopores. The 
other project was focused on the design and synthesis of a carbon encapsulated 
LTO composite. In this composite fluoride doping at the O sites of LTO was 
used to generate Ti3+ ions in the structure which serve as electron donors to 
diminish the insulating property of Ti4+ and thus increase the electrode 
kinetics. Besides, unique structural features such as a ball-in-ball morphology, 
nanocrystalline LTO subunits and nanocarbon coating combined to provide a 
facile electrode kinetics and hence an extremely high rate performance.  
 
The last project introduced the preparation of lamellar structured Fe-doped 
MnxOy with hierarchical porosity using a facile and scalable nanocasting 
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technique and controlled calcination. The as-prepared manganese oxides 
synergized macropores and mesopores in the structure: a percolation network 
of macropores which increased the electrolyte access and electrode-electrolyte 
contact and also cushioned the volume changes in repeated cycling; while the 
mesopores between nanocrystalline primary particles provided the large 
interfacial contact between electrolyte and electrode material to support a high 
Li+ flux across the solid-liquid interface. The relation between electrochemical 
performance and Fe doping amount of the composites was also analyzed to 
















CHAPTER 2 LITERATURE REVIEW 
This chapter attempts to provide a succinct account of major topics relevant 
to this research in particular some advanced nanoengineering techniques 
which may be used for improving the anode material performance in LIBs; 
and analysis of their strength and limitations. These topics will be discussed 
in five sections. The chapter begins with a general introduction to the LIB 
operating principles and alternative anode materials which can be derived 
from earth abundant elements. The second section summarizes the benefits of 
and challenges in using nanoscale materials for reversible Li+ storage. The 
importance of structure besides size is discussed in the next section, using 
several common nanostructures to illustrate the design rationale and working 
principles. Extrinsic material modification methods such as surface treatment 
and bulk doping then rounded up the remaining sections.  
 
2.1 Lithium ion batteries  
In a standard LIB cell the electrolyte shuttles Li+ between the cathode and 
anode which are capable of reversible Li+ insertion and removal at different 
potentials, while the corresponding electrons travel through an external circuit 
to provide useful work.2 Within the cell interior a microporous polyethylene or 
polypropylene membrane isolates the cathode and anode electronically while 
allowing the Li+ to pass through freely. This rocking-chair concept of cell 
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operation was successfully demonstrated and commercialized by Sony 
Corporation in the early nineties, using graphite as the anode and LiCoO2 as 
the cathode. Figure 2.1 is a sketch of a typical LIB configuration. 
 
 
Figure 2.1 The working principle of the LIB.38 
 
The reactions in charging and discharging for the C/LiCoO2 cell could be 
described by the following equations: 
Cathode:     arg2 1 2arg
ch ing
xdisch ing
LiCoO Li CoO xLi xe+ −−⎯⎯⎯⎯→ + +←⎯⎯⎯⎯            (1) 
Anode:      arg 6arg6
ch ing
xdisch ing
C xLi xe Li C+ − ⎯⎯⎯⎯→+ + ←⎯⎯⎯⎯                    (2) 
Overall reaction:  arg2 1 2 6arg6
ch ing
x xdisch ing
C LiCoO Li CoO Li C−⎯⎯⎯⎯→+ +←⎯⎯⎯⎯         (3) 
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Since the overall battery performance is governed mostly by the 
electrochemical properties of electrode materials, the challenge for material 
chemists is to continually discover new reversible electrode materials which 
can improve cycle stability, energy and power densities beyond the limits of 
existing materials; and hopefully at a reduced cost. As safety of battery 
operations is an uncompromisable specification, it also places very strict limits 
on material selection. 
  
Research on cathode materials has thus far been focused mostly on lithium 
transition metal oxides with the general formula of LiMxOy (e.g. LiCoO2, 
LiNiO2 and LiMn2O4), and their derivatives. While layered LiCoO2 has been 
the standard cathode material for years, the toxicity and cost of Co are major 
barriers to further developments especially those targeted at large-scale 
deployment. LiNiO2 addresses the cost and toxicity issues of LiCoO2 but is 
not a very “safe” material because LixNiO2 after lithium extraction is not 
thermally stable, and a completely delithiated LixNiO2 structure is too 
oxidizing to many organic electrolytes.39 LiMn2O4 spinel is another low cost 
material which can be synthesized easily. It, however, has more serious 
capacity fading in cycling than most other lithium metal oxides.40 
Polyanion-based cathode materials with the general formula LiM(XO4)y- 
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(M=Fe, Mn, Ni, Co; X=S, P, Si, As, Mo, W) have also been explored as 
cathode alternatives. The inductive effect from polyanions, such as (PO4)3-and 
(SO4)2-, contributes to a more stable structure after de-lithiation, even in the 
extreme case of complete Li+ removal.41 The strong covalent X-O bonds can 
also raise the mid-point potential in some cases to lead to improvements in 
energy density.42,43,44 
 
Relative to cathode materials, anode materials are more amenable to chemical 
modifications to improve their capacity and other properties of interest to 
battery applications. A high capacity anode material can therefore be used to 
release valuable internal cell volume for use by the cathode material. 
Graphite-based anodes have been the stalwart for many years because of their 
cost effectiveness and stable cycling performance at low C rates (A 1C rate 
means that the current density will fully discharge the electrode to its 
maximum capacity in 1 h. For an electrode material with a specific capacity of 
1 A h g-1, this equates to a current density of 1 A g-1. A nC rate for this battery 
electrode would be n A g-1). Li+ are inserted into graphite by intercalation at 
potentials lower than 0.1V (versus Li+/Li) according to the following 
reversible reaction: 6Li++C+6e-↔Li6C.10 However, this low intercalation 
potential is a potential safety hazard in high rate lithiation where the 
polarization may be large enough to cause the deposition of Li metal dendrites, 
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which could pierce through the membrane separator to short the two 
electrodes internally.45 In order to circumvent this potential safety issue and 
increase the energy density of the cell, ongoing research has turned to the 
search for alternatives which have higher specific capacities and more positive 
lithiation potentials than graphite-based anodes. 
 
Among the alternative anode materials, Ti-based anodes (TiO2 and LTO) are 
especially suitable for power-oriented applications despite their low specific 
capacities derived from the intercalation reactions: TiO2+0.5Li++0.5e- ↔ 
Li0.5TiO2 (168 mA h g-1 for anatase TiO2 ) and Li4Ti5O12+3Li++3e- ↔ 
Li7Ti5O12 (175 mA h g-1 for LTO).46 The vacancies in their structures 
accommodate Li+ at relative high potentials (above 1.5 V vs. Li+ /Li) where 
both the formation of Li dendrites and the reductive decomposition of 
electrolyte can be avoided.47,48 Furthermore, the insertion and extraction of Li+ 
incurs negligible volume changes and hence very good cyclability is shown. 
The insulating properties of Ti4+ in anatase TiO2 or the LTO spinel structure 
are a disadvantage which resulted in low electrical conductivity and slow 
electrode kinetics.49  
 
Semi-metals (Sn, Si, Ge, and their intermetallics) have surfaced as a strong 
alternative due to their ability to store a large amount of Li by the alloying and 
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de-alloying reaction, e.g. Si+4.4Li++4.4e- ↔ Li4.4Si (4200 mA h g-1).50 
However, these reactions produce a very large volume variation in cycling, 
leading eventually to electrode disintegration and the loss of electrical 
connectivity.51 Another serious issue with Si materials is their large ICL, 
which were the result of unstable electro-driven lithiation process at the 
electrode-electrolyte interphase and a dynamic process of crushing and 
reconstructing the unstable SEI (solid electrolyte interface) layer due to the 
repeated volume changes of electroactive Si upon cycling.52 
 
Recently, 3d transition-metal oxides (MOx, where M is Mn, Ni, Cu, Fe) are also 
being explored as LIB anode materials. The rock salt structure of these 
materials does not have the free volume for Li+ storage via the intercalation 
mechanism or form lithium alloy of LixM, and hence the observed high Li+ 
storage capacity of 3d transition metal oxides is derived from conversion 
reactions of the type MOx+2xLi++2xe-↔xLi2O+M.12 During this process, the 
active material, i.e. MOx, is reduced to its metallic form metal M and Li+ are 
stored as Li2O. However, the unfavorable thermodynamics in the extraction of 
Li from Li2O is part of the reasons for the electrochemical irreversibility of the 
electrode and slow electrode kinetics.12 3d metal oxide anodes also undergo 
large volume variation in cycling and incur significant ICL in the first cycle. 
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These problems must be suitably addressed before they can be practically 
useful.10,53 
 
2.2 Nanomaterials for reversible Li+ storage 
Downsizing bulk Li+ storage hosts to the nanoscale domain not only changes 
their physical dimension, but also their properties for the reversible storage of 
Li+. The reduced particle dimension shortens the diffusion length of Li+ and 
hence improves the overall dynamics in Li insertion/extraction reactions. This 
is most evident from the equation for the characteristic time constant for 
diffusion t=L2/D (L is the diffusion length; D is the diffusion constant).53 With 
the decrease in particle size, the proportion of surface and sub-surface atoms 
increases significantly, leading to more prominent surface and grain interface 
effects in Li+ storage.54,55 For example, TiO2 and LTO nanoparticles have 
shown specific capacities beyond the theoretical limits.56 For instance the 
theoretical specific charge capacity of bulk anatase TiO2 is about 168 mA h g-1 
according to the maximum stoichiometry of Li0.5TiO2. Previous studies had 
shown that Li+ solubility in anatase TiO2 could be increased from 0.5 to 0.85 per 
formula weight by decreasing the particle size to ~10 nm. The corresponding 
specific charge capacity was in excess of 220 mA h g-1.56,57  The excess 
capacity was derived from Li+ storage in accessible interstitial sites on the 
surface of anatase nanocrystals. Full lithiation of bulk LTO leads to the 
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occupation of the octahedral 16c sites and the emptying of the tetrahedral 8a 
sites until the final composition of Li7Ti5O12 is achieved. Based on density 
functional theory calculations and experimental results from previous studies, 
the higher-than-theoretical capacity for LTO materials could be realized by the 
possible re-occupation of the 8a sites of nanosized LTO by Li+ when the 
storage limit at the 16c sites of the spinel structure was exceeded.54,58  
 
The cycling performance of Si-based anodes can also be significantly improved 
by reducing the size of the Si particles. Si nanoparticles with the higher 
plasticity and deformability are more able to relieve the huge stress and strain 
by diffusing the dislocations in the lattice to the surface, therefore responsible 
for the improved cyclability of Si in recent reports.26,59  
 
The reduction in particle size to the nanoscale also increases the interfacial 
surface area for faradaic reactions; the influx of Li+ across the 
electrode-electrolyte interface can also be made higher.52 In some special 
circumstances unfavorable thermodynamics may also be remediated somewhat. 
For example, the unfavorable thermodynamics in the extraction of Li from Li2O 
is a major reason for the electrochemical irreversibility and the slow electrode 
kinetics of conversion reactions. It has been reported that small metal particles 
are more active for the decomposition of Li2O, thus downsizing metal oxides to 
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the nanoscale has become a salient strategy for improving the electrochemical 
reversibility of transition metal oxides in conversion reactions.12 
 
In spite of the abovementioned merits of nanoparticles, the direct use of 
nanomaterials for practical industrial commercialization encounters a number 
of issues: 1) The very low packing density of nanomaterials decreases the 
volumetric energy density of the electrode; 2) nanoparticles are 
thermodynamically unstable. The large surface area and high surface energy are 
inviting to side reactions with the electrolyte to form an electronically insulating 
SEI layer and causes a large ICL especially in the first cycle; 3) a generally high 
production cost and unclear cytotoxicity of nanomaterials further limit their 
acceptance on a large scale.53 These drawbacks of discrete nanoparticles can 
severely undermine the nanoscale advantages of Li+ storage. The utilization of 
nanomaterials can be economically and technologically feasible if there are 
good solutions to address the inherent issues in the use of nanomaterials.  
 
2.3 Structures assembled by nanoscale building units 
Packaging discrete 0-dimensional nanoparticles into micro/nanostructures can 
mitigate the problems of nanomaterials, retaining the nanoscale advantages 
while improving usability through the ease of material handling and 
processing.60,61 A heterogeneous structure may be designed to satisfy different 
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aspects of application requirements such as improved ionic and electronic 
conductivities (for high rate performance) and effective accommodation and 
relief of structural strains (for sustained cyclability). The design and fabrication 
of structures assembled by nanoscale subunits has therefore become a hotly 
pursued research direction in recent years. A brief review of recent 
developments in micro/nanostructured anode materials, categorized by the level 
of sophistication in the construction, is given below.  
2.3.1 One-dimensional nanostructures 
Various one-dimensional (1D) nanostructures including nanotubes, nanowires, 
nanobelts, and others have shown exceptional physicochemical properties due 
to their confined dimension and unique geometry.48,62,63 There are several 
structural features in 1D nanomaterials which can lead to improvements in rate 
performance: 1) one-dimensionality provides direct electron pathway for 
efficient charge transport; 2) a nanoscale diameter can distribute stress and 
strain uniformly across the cross-section, and hence is more accommodative to 
the volume changes upon cycling (the uneven distribution of stress and strain in 
bulk materials has been the primary mode of failure). This is similar to the 
capability of nanoparticles to withstand a large volume strain when they are 
below a critical dimension, as discussed in the previous paragraphs; 3) For 
certain electrodes which are based on the direct growth of free-standing 1D 
structures on the electrode, each nanotube or nanowire is directly electrically 
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wired to the current collector. The electrode material can therefore be used 
without binder or conducting additive which are dead weights in the 
electrode.16,63 The design concept of using 1D nanostructure has been 
experimentally demonstrated with carbon, Fe3O4, Si, TiO2 and LTO anodes, 
and has shown improvements compared to their bulk counterparts. 
 
There have been considerations to use carbon nanotubes (CNTs) as the anode of 
LIBs. High specific capacity, high electronic and thermal conductivities as well 
as high tensile strength are the often cited benefits.64 However, similar to 
graphite-based anodes, CNTs also exhibit SEI formation and safety issues 
associated with a low Li+ interaction potential leading to Li dendritic growth, 
and are hence not suitable for high-rate applications.65 Other 1D nanostructures 
such as Fe3O4 nanotube arrays, Co3O4/α-Fe2O3 branched nanowires, and 
CuO/CNTs nanowires, have also been explored as Li+ hosts and demonstrated 
good electrochemical performance.65-67 The free volume between these 1D 
nanotubes or nanowires improved electrolyte accessibility as well as 
accommodated a larger extent of structural deformation, thus resulted in good 
rate performance and capacity retention. Cui et al. grew free-standing Si 
nanowires on stainless steel current collectors by vapor–liquid–solid or 
vapor–solid template-free methods.68,69 These nanowires were able to withstand 
the large volume strain of Si in cycling without pulverization. The usability of 
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other 1D anodes based on alloying-dealloying mechanism (e.g. Ge, Sn, SnO2) 
was also demonstrated both theoretically and experimentally where 
one-dimensionality of nanotubes or nanowires led to a significant reduction of 
the maximum hoop strain.16,70,71 Recently, a facile template-free synthesis of 
hydrogenated-LTO nanowires on Ti foil was also reported by Cao et al.19 
Electrochemical measurements showed more facile electrode kinetics and thus 
a better rate capability (121 mA h g−1 at 30 C), far outweighing their 
0-dimensional counterpart. In short, 1D nanostructures generally show much 
improved cycling performance relative to discrete nanoparticles. Other issues 
such as 1st cycle ICL and low loading density are however not addressed by 
simply going from 0D to 1D.72,73  
 
2.3.2 Structures with hollow cavities  
The interior hollow space in the microscale and nanoscale structures was 
proven to be effective to 1) buffer the local volume changes in discharge-charge 
cycling; 2) allows easy penetration of the electrolyte into the inner region.60,74-76 
For example, Low et al. reported the fabrication of a spherical α-Fe2O3 structure 
with hollow cavity which delivered stable capacity retention up to 100 cycles. 
The subdued capacity fading was attributed to the large hollow cavity in the 
structure, which provided the cushion to relieve the stress induced by the 
conversion reaction of iron oxides during cycling.77 Our group has also 
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previously developed several alloying anodes where the volume excursion in 
alloying/dealloying reactions was ameliorated by a hollow cavity. The first 
example is hollow core–shell microspheres made up of crystalline SnO2 
nanoparticles (Figure 2.2a and b). Figure 2.2c shows the cycling performance of 
these core-shell microspheres: the capacity after cycling at 100 mA g-1 for 30 
cycles was still comparable to the theoretical capacity of SnO2. Hence 
morphological modifications through hollow cavity creation was capable of 
rectifying the capacity fading deficiency of SnO2.78 Another example is 
Ag-decorated Si hollow spherical particles produced by the magnesiothermic 
reduction of precursor SiO2 hollow spherical particles, followed by a Ag 
nanoparticle treatment to increase electrical conductivity. The large cavity in 
the composite prepared as such was able to accommodate the large Si volume 
changes in cycling, thus showing very good cycling stability (over 90 % 
capacity retention after 100 cycles).79 
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Figure 2.2 (a) FESEM image of hollow core–shell microspheres of crystalline 
SnO2 nanoparticle aggregates; (b) FESEM image of a SnO2 microsphere with 
broken shell revealing the hollow core–shell structure; (c) Specific capacity 
versus cycle number plots of electrodes prepared from the hollow core–shell 
microspheres of crystalline SnO2 nanoparticle aggregates. 
 
TiO2 or LTO hollow spheres were also designed and fabricated in order to 
facilitate the electrolyte percolation and thus the Li+ influx.80,81 However, the 
large hollow cavity is really not essential for Ti-based anode materials where 
the volume changes in discharge-charge cycling is minuscule compared with 
the alloy-type anode materials. The large hollow interior is actually a waste of 
space and reduces the volumetric density of the electrode. 
 
2.3.3 Porous structure 
Many metal oxide structures with mesoporosity (pore size ranges from 2 nm to 
50 nm) have been fabricated by hard template methods. The previous studies 
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from the Cho’s group described a typical synthetic route using cubic KIT-6 or 
hexagonal SBA-15 silica with p6mm symmetry as the template.82-89 A typical 
example is the 3D porous bulk Si structure obtained via repeated impregnation 
of silicon precursor (butyl-capped Si gels) into the SBA-15 template followed 
by thermal annealing and etching. The capacity of the porous bulk Si structure 
was 2738 mA h g−1 after 80 cycles, corresponding to 87% capacity retention.89 
Liu and coworkers reported a multi-step procedure for the preparation of 
TiO2–B (TiO2 in brookite phase) microspheres involving the impregnation of 
silica template, ultrasonic spray pyrolysis, template removal, ion-exchange and 
a finishing heat-treatment. The as-fabricated mesoporous spheres exhibited a 
fast kinetics of lithium intercalation due to the pseudocapacitive storage 
mechanism, and thus delivered a superior rate performance. Although these 
reports demonstrate the effectiveness of mesoporous structures in ameliorating 
volume changes upon cycling and in facilitating electrolyte percolation, the 
onerous fabrication process and the harsh template-removal process which may 
cause damages to the product, diminish the prospect of these mesoporous 
structures in large scale applications.  
 
Mesoporous nanostructures could also be fabricated via a surfactant-assisted 
(soft template) method. The soft template could be removed by calcination, 
greatly simplifying the fabrication relative to the hard-template method. Several 
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mesoporous metal oxide nanostructures with good Li+ storage properties, such 
as Fe3O4 nanospindles, dumbbell-shaped rutile TiO2, quasi-octahedral anatase 
TiO2, and SnO2 nanocrystals, have been prepared by the surfactant-assisted 
method.90-93 However, it was noted that the as-fabricated products sometimes 
display irregular morphologies and poor monodispersity due to the 
deformability of the soft templates.94  
 
Mesoporosity within particles could also be created by the mechanism of 
oriented attachment in a template-free synthesis. For example, Ye et al. 
fabricated one type of spindle-shaped, mesoporous anatase TiO2 structures by 
the reaction between acetic acid and tetrabutyl titanate under solvothermal 
conditions, where the initial formed nanocrystallites spontaneously assembled 
to lower their surface energy.95 It was believed that the dispersion of uniform 
pores throughout the structure could facilitate contact with the electrolyte and 
thus fast Li+ transport. Experimental results showed clear improvements in 
cycling performance relative to TiO2 nanoparticles, especially at high discharge 
and charge rates. 
 
Recent work on hierarchical porous structures with connected pores in multiple 
scale (e.g. macropores and mesopores) demonstrated the benefits of combining 
the structural advantages of different size ranges: The micropores (< 2 nm in 
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diameter) and mesopores (2 nm - 50 nm) provide a large electrode-electrolyte 
contact area with many charge transfer sites; larger macropores (>50 nm in 
diameter) were also introduced into the structures to decrease the resistance to 
electrolyte transport common in a mesopore or mesopore-micropore 
network.96,97 Greater cycling performance may be expected by integrating the 
complementary functions of mesopores and macropores. Structures with 
hierarchical porosity could be fabricated using multiple templates in a single 
synthesis, e.g. through a combination of rigid, macroporous hard template and 
surfactant. A typical example is the fabrication of three-dimensionally ordered 
macroporous materials with mesoporous walls (3DOM/m materials): a hard 
template of face-centered cubic array of macropores is assembled from 
colloidal crystal of monodispersed spheres. The formation of mesoporous 
structures occurred on the hard template which involves the structuring of 
surfactant, precursor and solvent molecules. The size of the mesopores could 
also be adjusted by varying the surfactant type or adding a swelling agent.98 
3DOM/m materials of α-Fe2O3, TiO2, SnO2 have been successfully fabricated 
this way. These 3DOM/m materials showed stable cyclability even at high C 
rates, suggesting the effective buffering of the local volume changes and 
concurrent facile electronic and ionic transport throughout the hierarchical 
porous structures.99-101  
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2.4 Surface modification  
Morphology and microstructure tailoring is however not a panacea for solving 
all of the performance issues in Li+ storage. The dominant surface effects in 
nanostructures which give rise to a high electroactivity for Li+ storage also 
increase the proportion of interfaces and grain boundaries, which contain 
irreversible trapping sites for Li+ resulting in a significant reduction of the cell 
capacity in the first cycle. The irreversibility due to electrolyte decomposition 
also increases with the surface area; and adds to the capacity loss in the initial 
few cycles. For graphite-based anodes, SEI formation is quite complete in the 
first cycle. The coulombic efficiency in subsequent cycles can approach unity 
due to the quality and stability of the SEI layer.102 The SEI layer on graphite is 
an electronically insulating film consisting mainly of Li2CO3, LiF and various 
lithium alkylcarbonates (ROCO2Li) which protects by shunning the direct 
contact between the anode material and the electrolyte.52,103,104 For alloy and 
metal oxide anodes, the large volume excursion in cycling requires a SEI with 
very high resilience. Otherwise pulverization and cracking of the anode would 
expose new surfaces to the electrolyte; increasing the dynamics in charging and 
discharging by deconstructing and reconstructing the SEI layer. An unstable 
SEI layer therefore leads to capacity losses not limited to the first or initial few 
cycles. Hence it is necessary to develop effective methods to alter the 
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electrochemical process occurred on the surface of alloy and metal oxide 
anodes. Surface modification is clearly a feasible strategy.105-107  
 
The other objective of surface modification is to increase the electrical and ionic 
conductivity of the anode. A typical design is to composite the anode material 
with a medium of high conductivity for electrons and Li+ to reduce the charge 
transfer resistance in the anode. The compositing surface medium could also 
contribute additionally to cushioning the volume changes in the anode and 
inhibiting the aggregation of the nanocrystalline subunits during cycling. 
 
2.4.1 Surface Coating  
The deposition of an electronic conductive layer on the electrode material is a 
common technique for improving the cycling performance of the anode. The 
most common coating medium is pyrolyzed carbon, which has the advantages 
of high electrical conductivity, low volume expansion, and tolerance to 
mechanical stress. Furthermore, it is also believed that a carbon coating layer 
can exert a compressive stress on the electroactive material which opposes the 
volume expansion of the anode material during lithiation and hence restrains the 
pulverization of anode particles.108 The literature is replete with examples of 
pyrolyzed carbon coating on anode materials, such as glucose-derived carbon 
coated Fe3O4 spindles, glucose-derived carbon coated Co3O4 quasi-nanospheres, 
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and ionic liquid-derived N-doped carbon coated porous Li4Ti5O12, all of these 
cases demonstrated the improved cyclability and lower ICL values for Li+ 
storage after carbon coating.90,109,110  
 
The parameters in carbon deposition such as composition, degree of 
graphitization, uniformity, thickness have also been examined in order to 
optimize the overall electrode performance. Foreign atom doping and high 
temperature carbonization are generally shown to be effective methods for 
improving the electrical conductivity of pyrolyzed carbon.111-114 The control of 
the carbon coating amount is critical since excessive carbon content can reduce 
the theoretical capacity of the electrode and slow the Li+ transport.110,115,116  
 
There are also examples of non-carbonaceous surface coating layer on 
electroactive materials. For example LTO has been modified with a TiN coating 
with metallic conductivity to increase the overall conductivity of the 
electrode.117 The specific capacity of the modified LTO electrode was six times 
that of the uncoated LTO electrode at a 10 C rate. Stevenson et al. reported the 
dual function of the copper coating for the hydrogenated amorphous Si particles 
– reduction in the interparticle charge transfer resistance of Si, and greater 
tolerance to the volume expansion and contraction upon cycling. Recently our 
group also reported a LTO coating with good Li+ diffusivity and tunable 
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thickness for SnO2 hollow spheres.114 Experimental measurements indicated 
that the LTO coating insulated most of the direct contact between electroactive 
SnO2 and the electrolyte, thus contributing to the formation of a more stable SEI 
by substituting the SnO2 surface with the LTO surface, as shown in Figure 2.3. 
The thinner and more stable SEI layer reduced the irreversible consumption of 
Li+ and improved the cyclability of the SnO2 electrode.  
 
 
Figure 2.3 Schematic illustration showing hollow SnO2 spheres with and 
without the LTO coating. 
 
2.4.2 Conductive matrix embedding 
Conductive matrix embedding of anode materials is another viable method to 
reduce charge transfer resistance between active particles and to render 
mechanical support to the latter. Through a two-step procedure consisting of tin 
precursor infiltration into an organic gel and subsequent carbonization, Scrosati 
and co-workers embedded Sn nanoparticles in a carbon matrix as a LIB 
anode.118 This composite could cycle stably for hundreds of cycles with 
negligible capacity fading. This remarkable capacity retention was attributed to 
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the buffering effect of the carbon matrix which accounted for ~ 50 wt % in the 
composite. Another example is the Sn/C composite reported by the Wang 
group.15 A scalable aerosol spray pyrolysis technique was used to encapsulate 
10 nm Sn nanoparticles in a conductive carbon matrix which also protected the 
Sn nanoparticles from agglomeration during cycling. As a result, the composite 
fabricated as such exhibited high rate capability up to 20 C and exceptional 
cycle stability. However, the use of a conductive matrix on an anode material 
does has its cost: a high weight ratio of the electrochemically inactive matrix 
which increases these stabilizing effects always decreases the theoretical 
capacity of the electrode.  
 
2.4.3 Mixed-conducting network 
One possible strategy to mitigate the compensating matrix effect is to limit the 
conforming coating layer on nanostructured anode materials to the nanoscale, 
meanwhile to preserve the connected porous network within the nanostructured 
anode. This particular structural design could also ease the diffusion of both Li+ 
and electrons through a mixed-conducting network: an interconnected network 
of pores fully percolated with liquid electrolyte to raise Li+ accessibility in the 
core region; and the conformal coating overlayer which collects the electrons 
and shuttle them to the external current collector. A good example in the 
literature is CoSnO3@C nanoboxes which were synthesized by the thermal 
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annealing of CoSn(OH)6 followed by carbon nanocoating.75 The nanoscale 
carbon coating was conformally deposited on each nanocrystalline subunits, 
and the latter were aggregated to form mesoporous hollow nanoboxes. The 
construction imparted effective mixed-conducting properties to the CoSnO3/C 
composite, which exhibited high rate capability and a long cycle life of 400 
cycles at a current density of 200 mA g-1.  
 
2.5 Doping of Li+ Storage Compounds 
2.5.1 Heteroatom doping 
Heteroatom doping is also used for improving the performance of intercalation 
anode materials through electrical property modulations. The doped 
heteroatoms, serving as either donors or acceptors, can change the electron and 
hole concentrations in the host material so as to increase the electrical 
conductivity of the electrode. However, a specific doping effect on 
electrochemical performance also depends on both the type and the chemical 
bonding state of heteroatoms and the properties of the host, as will be discussed 
in the following. 
 
Various non-metallic elements, such as B, N, P, S, have been used as dopants to 
increase the Li storage capacity of carbon.113,119-123 B is the only non-metallic 
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element in Group IIIA. Experimental measurements have indicated that B 
doping could enhance the specific capacity of carbon anodes due to the 
electron-deficiency of B.124 N is a popular heteroatom dopant due to its high 
electronegativity, small atomic diameter, and excess electrons which can be 
injected to the carbon conduction band. The effectiveness of N doping on 
carbon is dependent on the chemical bonding states of N: pyridinic and pyrrolic 
nitrogen are believed to contribute positively to the higher electrical 
conductivity of carbon, whereas amino nitrogen would bring about the adverse 
effect of a large ICL.111,124 The effect of S doping of carbon is also dependent on 
the chemical bonding states. For example, the incorporation of sulfuric acid into 
the carbon precursor polyacrylonitrile before heat treatment could increase the 
specific capacity of the resultant carbonaceous materials. The improvement was 
attributed to the presence of C–S–C which serves as the host for Li storage.125 
 
The effects of heteroatom doping on the electrochemical properties of TiO2 and 
LTO electrodes have also been investigated by several groups. Foreign atoms 
such as N, F, Nb, Fe, Zn, Sn, W have been used as dopants for anatase TiO2 to 
alleviate the insulating property of tetravalent Ti.29,30,126-130 Wen and coworkers 
found that Al3+ doping at the Ti4+ sites not only increases electronic 
conductivity through extrinsic doping effect, but also contributes to a more 
stable cycling of LTO. The cause was attributed to the higher stability of the 
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Al-O bonds (relative to the Ti-O bonds) in the octahedral coordination 
polyhedron in the spinel structure. On the contrary, when the Ti-O bonds are 
substituted by the weaker Co-O bonds, the capacity fading of (Co3+ doped) LTO 
became more severe.131 Mg2+ ions are another inappropriate dopant since their 
occupation of the tetrahedral 8a sites of the spinel structure hinders Li+ transport 
through the interstitial space of the spinel framework.132 Another recent study 
investigated the significant effect of Cr3+ doping in correcting the disorder in the 
LTO structure.133 Structural analysis indicated that the structural changes upon 
Cr3+ doping were caused by charge redistribution at nearby Ti4+ sites. As a 
result, the ionic conductivity of LTO was increased due to the decrease in 
structural disorder; a marked increase in rate performance was shown.  
 
2.5.2 Doping of vacancy or defect 
The presence of certain type of structural defects in the electrode materials can 
act as reactive center for charge transfer processes occurring at the 
electrode-electrolyte interface.76 The literature has documented several studies 
where the electrochemical properties were dominated by surface defects. Cao 
et al. recently introduced Ti3+ surface defects (oxygen vacancies) to the LTO 
nanowire arrays grown on a Ti foil by a facile hydrogenation process carried 
out at high temperature in Ar/H2 atmosphere. Electrochemical 
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characterizations confirmed the increase in electronic conductivity and 
consequently a faster charge-transfer kinetics for hydrogenated LTO electrode 
due to the positive influence of Ti3+ defects, especially at high C rates.19 A 
similar design was also applied to hydrogenated TiO2 nanotube arrays where 
the electronic donor density in TiO2 nanostructures was significantly improved 
by the controlled introduction of oxygen vacancies via thermal treatment in 
hydrogen atmosphere.134 Tolbert et al. reported that the (V4+/V5+) defect-rich 
V2O5 nanorolls could increase the capacity by ~40% relative to the pristine 
counterpart. The improvement was also attributed to additional redox sites 
created by atomic-scale disorder as well as the increase in grain boundary due 
to the presence of defects.135 
 
However, the strategy of introducing surface defects also imposes some 
limitations on reversible Li+ storage. The structural defects are formed by heat 
treatment the pristine material in reactive gases or by substitutional doping 
techniques. These processes lack good control to provide the desired localized 
interfacial chemistry.76 Surface defects may also promote side reactions in 
contact with the electrolyte or irreversibly trap Li+. These are undesirable 




CHAPTER 3  SYNTHESIS OF 
MIXED-CONDUCTING CARBON 
COATED POROUS γ-Fe2O3 
MICROPARTICLES AND THEIR 




One design of metal oxide anodes that can facilitate the diffusion of both Li+ 
and electrons is a mixed-conducting network.138 It consists of typically two 
closely integrated components with complementary functionalities: an 
electrochemically active core with sufficient porosity to support fast ionic 
conduction by easing the percolation of liquid electrolyte into the core 
region;139 and a contiguous electronically-conducting coating which may 
additionally modify the electrochemical process on the particle surface.34,35 In 
this study, we fabricated a mixed-conducting composite suitable as a LIB 
anode. It comprises microparticles with a porous γ-Fe2O3 core and a 
nanocarbon shell. The preparation route involved a facile hydrothermal 
synthesis and post-synthesis carbon chemical vapour deposition (CVD) 
treatment. The choice of iron oxide is intentional: among the transition metal 
oxide Li storage compounds, iron oxide has the advantages of high theoretical 
The content of this chapter has been published in  
J. Mater. Chem., 2011, 21, 13009-13014. 
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capacity (~1000 m Ah g-1), low cost and low environmental impact.140,141 The 
porous γ-Fe2O3 microparticles uniformly coated with a contiguous layer of 
nanocarbon formed a mixed-conducting network. Consequently good capacity 
retention and good rate capability were demonstrated as anticipated. Other 
iron oxides synthesized without the mixed-conducting property, such as 
disk-like α-Fe2O3 microparticles, uncoated porous γ-Fe2O3 microparticles and 
a heavily carbon-coated Fe3O4 composite were also prepared and compared 
electrochemically.  
 
3.2 Experimental Section 
3.2.1 Materials 
Iron (III) chloride (FeCl3, 98%) and polyvinyl alcohol (PVA, MW=115000) 
were obtained from Lancaster and BDH Chemicals respectively. Urea 
(H2NCONH2, 98%), metallic Li foil (99.9%), polyvinylidene difluoride 
(PVDF) and N-methylpyrrolidone (NMP) were purchased from 
Sigma-Aldrich. Super P conductive carbon black (Super C65) was provided 
free by Timcal Ltd. Electrolyte was supplied by the Hohsen Corp. All 
chemicals were used as received without further purification. Ultrapure water 
(Millipore) with resistivity greater than 18.2 MΩ cm was used as the solvent 
throughout. 
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3.2.2 Materials Preparation 
In a typical preparation, 0.4 g PVA was added to 30 mL deionized water and 
stirred for 30 min until the mixture was transparent. FeCl3 (2 mmol) and urea 
(0.2 mmol) were introduced to the PVA solution in succession and sonicated 
for 20 min to form a homogeneous mixture. The mixture was transferred to a 
50 mL Teflon-lined stainless-steel autoclave; heated at the rate of 5 °C min-1 to 
140 °C and maintained at this temperature for 8 h. The autoclave was then 
allowed to cool naturally to room temperature. The red solid product (disk-like 
α-Fe2O3 microparticles) was recovered by centrifugation at 800 rpm for 5 min 
and dried in vacuum at 200 °C for 12 h. The synthesized α-Fe2O3 was placed 
in a quartz combustion boat inside a tube furnace and heated to 450 °C at the 
rate of 10 °C min−1 in nitrogen. The gas stream was then switched to a flowing 
mixture of 10% acetylene and 90% N2 (at 100 standard cubic centimeters per 
minute, or sccm). Porous γ-Fe2O3 disk-like microparticles were obtained after 
3min of CVD treatment. When the CVD treatment was extended to 5min, the 
product was nanocarbon coated porous γ-Fe2O3 microparticles. Extending the 
CVD treatment to 8 min formed a thick carbon-coated Fe3O4 composite 
instead. 
3.2.3 Materials Characterization 
The samples were characterized by field-emission scanning electron 
microscopy (FESEM) on a JEOL JSM-6700F operating at 5 kV, transmission 
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electron microscopy (TEM) and selected area electron diffraction (SAED) on 
a JEOL JEM-2010F operating at 200 kV, powder X-ray diffraction (XRD) on 
a Shimadu XRD-6000 using Cu Kα radiation, fourier transform infrared 
(FT-IR) spectroscopy on a Bio-Rad FTS-3500 FT-IR spectrometer, 
Brunauer-Emmett-Teller (BET) measurements on a NOVA 4200e Surface 
Area & Pore Size Analyzer and X-ray photoemission spectroscopy (XPS) on a 
KRATOS AXIS Hsi spectrometer using Al Kα radiation. 
3.2.4 Electrochemical Measurements 
The working electrode for electrochemical measurements was a copper foil 
current collector pasted uniformly with a slurry of 80 wt % anode material, 10 
wt % Super P, and 10 wt % PVDF binder in NMP; and then dried in vacuum 
at 100 °C for more than 24 h. A pure lithium metal foil was used as the 
counter electrode; and a 1M solution of LiPF6 in a 50:50 v/v mixture of 
ethylene carbonate (EC) and diethyl carbonate (DEC) was the electrolyte. Cell 
assembly was carried out in an Ar recirculating glove box where both the 
moisture and oxygen contents were kept below 1ppm each. The test cells were 
discharged (Li+ insertion) and charged (Li+ extraction) galvanostatically in the 
5 mV–3 V voltage window at different current rates on a Maccor series 2000 
battery tester at room temperature.  
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3.3 Results and Discussion 
 
 
Figure 3.1 (a) XRD pattern of the disk-like α-Fe2O3 microparticles formed 
after 8 h hydrothermal synthesis; (b) FESEM image of the α-Fe2O3 
microparticles; (c) TEM image of the α-Fe2O3 microparticles (d) HRTEM 
image of the front face of a single microparticle; Inset in (c) high 
magnification of TEM image of a single α-Fe2O3 microparticle; (d) SAED 
pattern of the front face of the disk-like microparticle. 
 
Figure 3.1a shows the XRD pattern of the sample after 8h of hydrothermal 
reaction. All of the diffraction peaks could be indexed to the rhombohedral 
phase of hematite (α-Fe2O3) with R-3c space group (JCPDS No.33-0664). 
FESEM and TEM showed disk-like microparticles ~ 700 nm in diameter and 
100-200 nm in thickness with many of them stacked into columns (Figure 3.1b, 
c). Each disk-like particle consisted of tens of layers at the nanoscale as shown 
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by the TEM image (Figure 3.1c, inset), capturing the side view of a 
microparticle. The HRTEM image of the top view of the particle (Figure 3.1d) 
shows three sets of lattice fringes with the same interplanar distance of 0.25 
nm at an angle of 60◦ with each other. This result, together with the SAED 
pattern showing a hexagonal spot pattern (Figure 3.1d, inset), confirmed that 
the disk-like microparticles were lying down on their (001) faces.140  
 
Figure 3.2 XRD patterns of products after different time of hydrothermal 
reaction 
 
The fabrication of similar disk-like α-Fe2O3 particles by a top-down or 
template-assisted method has recently been reported.140,142 In this study, 
however, a simpler, bottom-up self-assembly process was used to construct the 
disk-like morphology. The evolution of phase and morphology with time was 
followed by XRD and TEM to gain some insights into the growth mechanism. 
Figure 3.2 shows the XRD patterns in the 2θ range of 10°-60° of solid 
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products formed from 40 min to 16 h of reaction at 140 °C. The XRD pattern 
in Figure 3.2a collected during the very early stages of the hydrothermal 
reaction shows diffraction peaks around 11.87°, 16.8°, 26.8° which could be 
indexed to akaganeite (β-FeO(OH)) (JCPDS No. 34-1266). These peaks were 
rather broad, thereby suggesting a very small crystallite size. Increase in the 
reaction time diminished these diffraction peaks (Figure 3.2b) which 
eventually disappeared (Figure 3.2c). Meanwhile the diffraction peaks of 
rhombohedral hematite (α-Fe2O3) (JCPDS No. 33-0664) began to appear 
(Figure 3.2b) and grew with time (Figure 3.2c and Figure 3.2d). These 
changes suggest that a prolonged hydrothermal treatment would result in the 
phase transformation from β-FeO(OH) to α-Fe2O3. In Figure 3.2d which 
corresponds to the fully developed disk-like particles, all of the peaks are 
assignable to the (012), (104), (110), (113), (024), (016), (018) diffractions of 
α-Fe2O3. No other diffraction peaks were detected, reflecting the high phase 




Figure 3.3 TEM images of the product after (a) 15 min, (b) 40 min, (c) 1 h, (d) 
1.5 h, (e) 4 h, (f) 8 h, (g) 16 h of hydrothermal reaction; (h) FESEM image of 
product after 8 h of hydrothermal reaction without surfactant in the control 
experiment; (i) FTIR spectra of dehydrated PVA after 8 h and 16 h of 
hydrothermal treatment at 140°; Inset in (h) high magnification FESEM image 
of the cube-like nanoparticles. 
TEM characterization indicated that very small crystallites were formed after 
15 min of hydrothermal synthesis (Figure 3.3a). Extending the reaction time to 
40 min formed β-FeO(OH) nanorods about 180-220 nm in length and 40-60 
nm in width (Figure 3.3b); which progressively aggregated with time (Figure 
3.3c). As the hydrothermal treatment continued, discrete disk-like particles 
began to form amidst a web of networked nanorods (Figure 3.3d). The 
β-FeO(OH) nanorods gradually disappeared leaving only the disk-like 
particles behind after 4 h of hydrothermal reaction (Figure 3.3e). The disk-like 
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particles at this stage had grown significantly in size, increasing their diameter 
from 200 nm (Figure 3.3d) to around 700 nm. XRD measurements had 
identified these disk-like microparticles as α-Fe2O3. (Figure 3.2c) According 
to the literature, the transformation from a tetragonal (β-FeO(OH)) phase to a 
hexagonal (α-Fe2O3) phase under hydrothermal conditions can be explained by 
the dissolution-reprecipitation mechanism.143 After 8 h of reaction, many of 
the disk-like particles were organized into columns and stacks (Figure 3.3f). 
There was, however, deconstruction of these hierarchical structures after 
reaction for 16 h, where 7-10 nm nanocrystals were formed together with a 
significant reduction in the diameter of the disk-like particles to 60-80 nm. 
(Figure 3.3g). 
 
A control experiment was carried out in which no surfactant was used in the 
hydrothermal synthesis. FESEM images at different magnifications indicated 
only cubic shaped particles were formed after 8 h of hydrothermal reaction 
(Figure 3.3h and inset). Based on the above observations, a plausible 
mechanism for the assembly of the disk-like microparticles may be proposed 
as follows: β-FeO(OH) nuclei were formed at the very early stages of the 
hydrothermal reaction and seeded the anisotropic growth into β-FeOOH 
nanorods. The coordination of PVA with iron (III) ions provided the 
thermodynamic impetus and the template to organize the Fe atoms into 
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one-dimensional nanorods along the length of the linear PVA polymer. The 
high surface energy of small β-FeOOH nanorods drove the aggregation of 
adjacent particles into a web-like network structure. The adsorption of PVA 
molecules on selective faces of the nanorods inhibited the phase 
transformation from β-FeO(OH) to α-Fe2O3, converting the anisotropic growth 
to disk-like particles.144 As a result, the product was dominated by disk-like 
Fe2O3 microparticles product. The deconstruction of the disk-like 
microparticles after a long hydrothermal treatment time (18 h) is believed to 
be caused by the dehydration of PVA. This hypothesis was confirmed by 
comparing the FT-IR spectra of PVA after 8h and 16h of hydrothermal 
reaction under similar experimental conditions (but without the iron precursor). 
It was found that the weak peak at ~1654 cm-1 band was gradually replaced by 
a peak at 1643 cm-1 which grew with increased intensity (Figure 3.3i). This 
particular spectral feature change could be attributed to the accumulation 
of –C=C– double bonds in the structure of dehydrated PVA fibers.145 The 
dehydration of PVA could be categorically represented by the following 
equation: -CH2-CH(OH)- ↔ -CH=CH- + H2O. Due to the loss of the hydroxyl 
groups which form coordinative bonds with the iron ions, the disk-like 
microparticles were partially disintegrated into α-Fe2O3 nanocrystals. Based on 
the above analysis, the surfactant PVA was critical to the formation of the 
disk-like morphology.   
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Table 3.1 Key process parameters and products of the CVD treatment of 










I Pristine γ-Fe2O3 450 3 NA 
II C coated γ-Fe2O3  450 5 2-3 
III C coated Fe3O4  450 8 6-8 
 
 
Figure 3.4 (a) TEM image of Sample I; (b) FESEM image of the Sample I; (c) 
FESEM image of Sample II; (d) HRTEM image of Sample II; (e) FESEM 
image of Sample III; (f) HRTEM image of Sample III. 
 
The α-Fe2O3 disk-like microparticles could be transformed into a variety of 
products by a CVD post-treatment in acetylene atmosphere. The products 
included uncoated porous γ-Fe2O3 microparticles and different iron 
oxide/carbon composites with a core-shell structure (Table 3.1). The γ-Fe2O3 
microparticles in Sample I (Figure 3.4a and Figure 3.4b) still had an overall 
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disk-like appearance but a porous interior which gave rise to a nearly doubling 
of the surface area to 66.7 m2 g-1 (BET area of α-Fe2O3 disk-like particles was 
30.3 m2 g-1). The porosity of γ-Fe2O3 microparticle was maintained after a thin 
layer of carbon coating was formed (Sample II) as shown in Figure 3.4c. The 
HRTEM image in Figure 3.4d shows that the carbon layer was only 2-3 nm 
thick. With a longer CVD treatment time (8 min) while keeping the other 
deposition parameters unchanged (Sample III), there was a significant 
reduction both in the surface area (34.3 m2 g-1 ) and the pore size (Figure 3.4e) 
together with the appearance of a thicker carbon coating (7-8 nm, Figure 3.4f).  
 
 
Figure 3.5 (a) XRD patterns of Samples I-III; (b) XPS spectra of Samples II 
and III. 
 
XRD and XPS characterization were used to analyze the core compositions of 
Samples I-III. According to the XRD patterns in Figure 3.5a, Samples I-II 
were identified as γ-Fe2O3 (JCPDS No.25-1402) and Sample III as Fe3O4 
(JCPDS No.65-3107). Generally it is difficult to differentiate between 
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maghematite (γ-Fe2O3) and magnetite (Fe3O4) by XRD because these oxides 
are isostructural and there is a substantial overlap of their XRD peaks. 
However, there still exists some difference in the diffraction patterns. For 
example, in the case of γ-Fe2O3 the three 2θ peaks between 50~70o are shifted 
to slightly higher angles relative to those of Fe3O4 (Figure 3.5a). In addition, 
XPS can be used to determine the Fe oxidation states in these iron oxides. In 
our case (Figure 3.5b), the Fe 2p core level XPS spectrum of Sample II 
contained a satellite (BE=719.5ev, purely Fe3+) between the Fe 2P3/2 and 2P1/2 
peaks, which attested to its purely trivalent nature. On the contrary, the 
satellite peak in Sample III was poorly resolved, which agrees well with the 
characteristic of Fe3O4 as a mixed iron oxide.146 
 
Figure 3.6 (a) Discharge capacity versus cycle number plots for the disk-like 
α-Fe2O3 microparticles and its CVD treated products (Sample I to Sample III) 
measured at a current density of 100 mA g-1; (b) the 1st discharge-charge curves 
of Sample I, Sample II and Sample III. 
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Figure 3.7 The 2nd, 10th, 20th, 30th discharge-charge curves of Sample I, Sample 
II and Sample III. 
 
The combination of a porous core and a carbon coating layer at the nanoscale 
is expected to mitigate some deficiencies of the iron oxide anodes, such as low 
electronic and ionic conductivities (affecting rate capability) and poor charge 
retention due to large specific volume changes in cycling. The different iron 
oxides and iron oxide/carbon composites were first evaluated for reversible 
Li+ storage at a current density of 100 mA g-1. Figure 3.6a shows that the 
stacked α-Fe2O3 disk-like microparticles cycled rather well and could deliver a 
capacity of 523 mA h g-1 even after 40 cycles. After the CVD treatment which 
transformed the hematite to porous γ-Fe2O3 (Sample I) with a fairly large 
specific surface area (66.7 m2 g-1). The imparted porosity improved the 
accessibility of the active material to the electrolyte, effectively increasing the 
electrode-electrolyte interface. The added free volume also contributed to 
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dissipating the stress caused by the anode volume excursions in cycling. 
Consequently the capacity of Sample I measured under the same current rate 
was slightly higher than that of its α-Fe2O3 precursor. A mixed conducting 
network was established after a thin layer of carbon coating formed (Sample 
II). The increase in electrical conductivity due to carbon was accomplished at 
only a slight expense of porosity, and the lithium ionic conductivity was not 
significantly affected. Hence Sample II delivered excellent cycling 
performance with a capacity higher than 900 mA h g-1 at the end of 40 cycles. 
On the contrary, the electrode based on Sample III only delivered a capacity of 
635 mA h g-1. This reduction in capacity was due to two factors besides the 
different electrochemical properties of γ-Fe2O3 and Fe3O4: First, the increase 
in the amount of pyrolyzed carbon in the composite naturally decreased the 
gravimetric capacity of the electrode. Second, a thicker carbon coating also 
interfered with the diffusion of Li+ into the core region where the active 
material resided. Hence the design of a mixed conducting network should 
strive for the right balance between ionic conductivity and electronic 
conductivity.   
 
The carbon coating could also alter the chemistry at the electrode-electrolyte 
interface. Unstable SEI formation on the metal oxide electrode due to 
electrolyte decomposition can contribute to a large ICL in the first 
 50 
discharge-charge cycle.147 However the SEI layer on carbon is known to be 
relatively stable,148 hence the ICL of an oxide such as γ-Fe2O3 could be 
reduced by a contiguous carbon coating. Figure 3.6b confirms this working 
principle: the ICL measured from the 1st cycle was 37 % for Sample I and 30.5 
% for Sample II respectively. On the other hand the 1st cycle ICL for Sample 
III was as high as 38.1 %. The reversibility decrease in thick carbon coatings 
was caused by the trapping of Li ions in non-graphitizable carbon. According 
to the discharge-charge curves in Figure 3.7, the 2nd cycle ICL for Sample II 
was 3.4 %, lower than the 2nd cycle ICL for Sample I and Sample III at 7.1% 
and 9.7% respectively. This is indication that the formation of a stable SEI 
layer on Sample II was largely completed in the first cycle and reversible 
cycling commenced from second cycle onwards. 
 
Figure 3.8 Cycling stability of sample II tested at different current densities. 
 
As Sample II appears to be most promising as a LIB anode material, its rate 
capability was measured by using different current densities (Figure 3.8). The 
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capacities were 1200 mA h g-1 at 50 mA g-1, 664 mA h g-1 at 400 mA g-1, 487 
mA h g-1 at 800 mA g-1, and 334 mA h g-1 at 2000 mA g-1. When the current 
density was returned to its initial value of 50 mA g-1 after a total of 59 cycles, 
a capacity of 952 mA h g-1 was recovered which cycled well for 10 more 
cycles. This outstanding rate capability can undoubtedly be attributed to an 
optimal balance of the mixed-conducting properties.   
 
3.4 Conclusions 
This chapter studied the synthesis of α-Fe2O3 disk-like microparticles by a 
facile hydrothermal procedure. A plausible formation mechanism was 
proposed based on the results of a time course study of phase and morphology 
evolution. A series of iron oxide based anode materials including porous 
γ-Fe2O3, γ-Fe2O3 with a thin carbon coating, and Fe3O4 with a thick carbon 
coating could all be derived from the α-Fe2O3 disk-like microparticles after 
appropriate CVD treatments in acetylene gas. In particular, the iron 
oxide/carbon composite microparticles with a porous γ-Fe2O3 core and a 
percolating thin carbon network, was a capable reversible Li host with 
excellent cyclability and high rate capability. The good performance could all 
be traced to an optimal balance of mix-conducting properties. This work not 
only provides the first example of a γ-Fe2O3 based anode material for the Li 
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ion batteries but also provides a general method for fabricating other metal 
















CHAPTER 4 NITROGEN-DOPED 
CARBON-ENCAPSULATION OF Fe3O4 
FOR INCREASED REVERSIBILITY IN 
LI+ STORAGE BY THE CONVERSION 
REACTION 
4.1 Introduction 
The carbon coated γ-Fe2O3 microparticles described in the previous chapter 
have demonstrated quite satisfactory cycle stability in galvanostatic 
discharging and charging, the quality of pyrolyzed carbon derived from CVD 
however still showed some inadequacy in terms of electrical conductivity and 
surface modification. Besides, the stringent synthesis conditions and the 
thermal instability of γ-Fe2O3 are potential issues for the large scale 
preparation. By comparison, Fe3O4 has a stronger suite of features (low cost, 
natural abundance, low environmental footprints both in synthesis and 
applications; and the highest electronic conductivity among iron oxides, such 
as FeO, α-Fe2O3 and γ-Fe2O3).149,150,151,152 Furthermore Fe3O4 also owns a 
large theoretical specific capacity of ~927 mA h g-1, or 4793 mA h cm-3, 
which are respectively about three-times the gravimetric capacity (372 mA h 
g-1) and six-times the volumetric capacity (818 mA h cm-3) of graphite and 
graphite-like anodes used in almost all lithium-ion batteries manufactured 
today.151 
The content of this chapter has been published in  
J. Mater. Chem., 2012, 22, 7845-7850. 
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The pratical ultilization of Fe3O4 as a LIB anode is also impeded by an 
unsatisfactory electronic conductivity (even though it is the highest among 
iron oxides) and capacity fading in cycling caused by the irreversibility and 
structural changes in materials which store/release Li+ by the conversion 
reaction.6 As discussed in previous chapters, downsizing the metal oxide to the 
nanoscale could help to improve electrochemical reversibility, the 
accompanying enlarged surface area however increases the risk of charge and 
Li+ consumptions from side reactions due to electrolyte decomposition and the 
reactions between electrolyte and electrode, which contribute collectively to 
severe ICL.12,53  
 
A large ICL is unacceptable in practice because it irreversibly consumes Li+ 
from the more expensive cathode material; leading to the increased usage of 
the latter. Pioneering work has shown that coating of the Fe3O4 materials with 
a carbon overlayer can, in principle, modify the chemistry at the 
electrode-electrolyte interface.148,34,153 For example, Wan et al. used glucose as 
the carbon-source and fabricated carbon-coated Fe3O4 nanospindles with a 
relative low ICL value.90 The method of preparation, which consists of two 
consecutive hydrothermal reactions followed by a heat treatment, is relatively 
involved and time-consuming. Cheng et al. recently reported 
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graphene-wrapped Fe3O4 as an anode material with improved cyclic 
stability.152 Although graphene provided a highway for electron transport, the 
ICL problem was not abated due to the loose contact between the graphene 
nanosheets and the Fe3O4 nanoparticles.  
 
In this chapter, we report the synthesis of a composite based on Fe3O4 
nanoparticles encapsulated in nitrogen-doped carbon (N-C-Fe3O4). Nitrogen 
doping of carbon was initially arranged to increase the electronic conductivity 
of Fe3O4 as a Li storage host.37 This was carried out by using a RTIL as the 
carbon precursor. The first attempt to use RTIL as the carbon source for 
improving cycling performance was reported by Zhao et al. and demonstrated 
on Li4Ti5O12 anodes.110 However, the ionic liquid used, 
1-ethyl-3-methylimidazolium dicyanamide, is costly and difficult to synthesize 
in large quantities. In this study, the RTIL of 1-octyl-3-methylimidazolium 
chloride ([C8mim][Cl]) was chosen because it is more amenable to large scale 
synthesis in the laboratory.154 Besides, the relatively long carbon chain of 
[C8mim][Cl] also facilitates adhesion to and encapsulation of the Fe3O4 
particles to establish a denser, continuous and conforming conductive 
network. The preparative procedure was optimized by dissolving the RTIL in 
acetone before mixing with the active battery materials. A diluted RTIL 
solution could reduce intermolecular hydrogen bonding, which causes polar 
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and nonpolar regions to form in the RTIL to decrease the RTIL fluidity.155 The 
RTIL could then diffuse more easily into the porous structure interior and 
establish a connected 3D conductive carbon matrix after heat treatment. Our 
experimental results confirmed these expectations. The as-synthesized 
N-C-Fe3O4 composite displayed not only a large capacity and high rate 
capability, but also a significant reduction of the first cycle ICL compared 
with other iron oxide anodes reported in the literature.152,141,156,157,158,159 In 
order to determine the origin of the ICL reduction, we characterized the 
electrode-electrolyte interface after the first cycle and also after repeated 
cycling. Our measurements showed that a protective SEI layer consisting 
mainly of chemically stable FeF3 and LiF was present on the surface of 
N-C-Fe3O4 electrode. 
 
4.2 Experimental section 
4.2.1 Materials 
All chemicals were used as received without further purification. 
1-chlorooctane (CH3(CH2)7Cl, 99%), 1-methylimidazole (C4H6N2, 99%), ethyl 
acetate (CH3COOC2H5, 99.8%), iron(III) nitrate nonahydrate (Fe(NO3)3.9H2O, 
98%), urea (H2NCONH2, 98%), metallic Li foil (99.9%), PVDF and NMP 
were purchased from Sigma-Aldrich. Sodium n-dodecyl sulfate (SDS, 99%) 
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was supplied by Alfa Aesar. Super P conductive carbon black (Super C65) 
was provided free by Timcal Ltd. Electrolyte was supplied by the Hohsen 
Corp. Ethanol (C2H5OH, analytical grade) was purchased from Merck KGaA. 
Ultrapure water (Millipore) with resistivity greater than 18.2 M cm was used 
as the general solvent. 
 
4.2.2 Materials Preparation 
1-chlorooctane and 1-methylimidazole in equimolar quantities were mixed in 
a round-bottom flask and refluxed at 70 °C for 48 h until two phases were 
formed. The top phase was decanted and ethyl acetate in half of the volume of 
the bottom phase was added with stirring to extract the unreacted reactants. 
The top layer was again decanted and replaced with fresh ethyl acetate. The 
procedure was repeated three times. Remaining ethyl acetate was removed by 
evaporation at 80 °C. The final product, [C8mim][Cl], was distilled under 
vacuum for 24 h to remove residual ethyl acetate and absorbed water.  
 
0.1 g SDS was dissolved in 30 mL ethanol/water mixture (ethanol/water ratio 
= 2:1 v/v) at room temperature with strong magnetic stirring. 5 mL of 0.25 M 
Fe(NO3)3·9H2O solution in ethanol was then added to the SDS solution. After 
magnetic stirring for 10 min, the homogeneous solution was transferred to a 
50 mL Teflon-lined stainless-steel autoclave which was sealed and heated at 
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200 °C for 14 h. After cooling down naturally to room temperature, the solid 
hydrothermal product was recovered, washed with distilled water and then 
vacuum dried at 120 °C for 12 h. 200 μl (~200mg) of [C8mim][Cl] was 
dissolved in 1 ml of acetone. 200 mg of the as-prepared hydrothermal product 
was added to the acetone solution with stirring to form a homogeneous slurry, 
followed by heating at 500 °C for 2 h under a N2 atmosphere. The product 
formed as such was designated as the N-C-Fe3O4 composite. For comparative 
purpose, a carbon-coated Fe3O4 (C-Fe3O4) composite was also prepared by 
CVD. Specifically the synthesized hydrothermal product was placed inside a 
quartz combustion boat and heated in N2 in a tube furnace atmosphere at 10 
°C min-1 to 450 °C. The gas stream was then switched to a mixture of 10% 
acetylene and 90% N2 flowing at 100 sccm. A C-Fe3O4 composite was formed 
after 3 min of the CVD treatment. 
4.2.3 Materials characterization 
The various materials synthesized in this study were characterized by FESEM 
and energy dispersive X-ray (EDX) spectroscopy on a JEOL JSM-6700F 
microscope equipped with a Horiba EMAX energy dispersive X-ray analyzer. 
TEM, XRD, XPS TGA characterizations were conducted at the identical 
conditions as described in Chapter 3.  
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4.2.4 Electrochemical measurements  
For working electrode fabrications 80 wt% of the active anode material, 10 
wt% of conducting additive (Super-P carbon black, Timcal), and 10 wt% of 
PVDF binder were mixed in NMP to form a homogeneous slurry. The slurry 
was applied to a copper foil current collector and vacuum dried at 120 °C for 
more than 12 h. A pure lithium metal foil was used as the counter electrode; 
and a 1M LiPF6 solution in a 50 : 50 v/v mixture of EC and DEC was the 
electrolyte. Battery assembly was carried out in an Ar re-circulating glove box 
where the moisture and oxygen contents could be kept below 1 ppm each. The 
test cells were discharged (Li+ insertion) and charged (Li+ extraction) 
galvanostatically in the 5 mV to 3 V voltage window at different current 
densities on a Maccor series 2000 battery tester at room temperature. 
Electrochemical impedance spectroscopy (EIS) was performed on an AutoLab 
FRA2 type III electrochemical system. AC impedance measurements were 
carried out in the 0.01 Hz to 100 MHz frequency range using small 
perturbation amplitude of ±10 mV. 
4.3 Results and discussion 
The preparation of C-Fe3O4 and N-C-Fe3O4 composites can be summarized 
schematically in Figure 4.1a. All of the diffraction peaks in the XRD pattern 
of the hydrothermal product in Figure 4.1b could be indexed to the 
rhombohedral phase of hematite (α-Fe2O3) with the R-3c space group (JCPDS 
 60 
No.33-0664). On the contrary, the diffraction peaks of C-Fe3O4 and 
N-C-Fe3O4 composites indicated that hematite had been transformed to the 
face-centered cubic phase of magnetite (Fe3O4) (JCPDS No-65-3107) after the 
CVD treatment or after compositing with the RTIL-derived carbon. FESEM 
image of the hydrothermal product (Figure 4.1c) shows particles with an 
overall globular morphology and diameters around 500-700 nm. A closer 
examination revealed that each of the submicron spherical particles was an 
aggregation of nanocrystals 30-40 nm in diameters (Figure 4.1c, inset). The 
nanocrystals were however not closely packed and voidage between the 
α-Fe2O3 nanoparticles can be clearly seen. Figure 4.1d shows that the C-Fe3O4 
composite had the same overall morphology as its α-Fe2O3 precursor except 
for a thin (~ 2 nm) carbon coating introduced by the CVD treatment. The 
HRTEM image inset shows well defined lattice fringes with a separation of 
0.25 nm; corresponding well with the interplanar spacing of the Fe3O4 (311) 
planes (Figure 4.1d, inset). For the N-C-Fe3O4 composite, it was very difficult 
to obtain a lattice-resolved TEM image because the RTIL-derived carbon had 
completely encapsulated the iron oxide nanocrystals (Figure 4.1e). It is 




Figure 4.1 (a) Schematic view of the preparation procedures; (b) XRD 
patterns of (b-1) hydrothermal product, (b-2) C-Fe3O4 composite, (b-3) 
N-C-Fe3O4 composite; (c) FESEM images at low and high magnifications 
(inset) of hydrothermal product; (d) TEM image and HRTEM image (inset) of 
C-Fe3O4 composite; (e) TEM image of N-C-Fe3O4 composite; (f) SEM image 
of N-C-Fe3O4 composite and EDX element maps of Fe, N, and C; (g) XPS 
survey spectra of C-Fe3O4 composite and N-C-Fe3O4 composite; The inset of 
(g): High-resolution N 1s spectra of N-C-Fe3O4 composite.  
 
EDX mapping of the elements in the N-C-Fe3O4 composite (Figure 4.1f) 
shows the concordance of N, C and Fe signals, suggesting the uniform 
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distribution of C and N elements throughout the iron oxide particles. XPS 
spectroscopy was then used to examine the oxidation states of N in the 
N-C-Fe3O4 composite. A comparison between the XPS survey spectra of the 
two composites showed the emergence of a peak at Binding Energy (BE) of 
400.5 eV only for N-C-Fe3O4 (Figure 4.1g). The appearance of this peak 
confirmed the successful incorporation of the nitrogen element after the 
pyrolysis of the RTIL.110 The high-resolution N 1s XPS spectrum of the 
N-C-Fe3O4 composite (Figure 4.1g, inset) could be deconvoluted into two 
component peaks at BEs of 398.5 eV and 400.5 eV assignable to C–N and 
C=N respectively, demonstrating the presence of N in multiple chemical 
states.160 Hence it is concluded the ionic liquid carbon source had transformed 
into N-doped carbon after pyrolysis. 
 
Figure 4.2 TGA curves of C-Fe3O4 and N-C-Fe3O4 composites with different 
carbon ratios. 
N-C-Fe3O4 composites with different carbon ratios were also prepared in order 
to determine the optimal composition for electrochemical performance. This 
was done by using different amounts of RTIL (100 μl and 300 μl, in addition 
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to the standard 200 μl of [C8mim][Cl]) in the preparation while keeping other 
preparation variables fixed. The additional products prepared as such were 
designated as N-C-Fe3O4 composite (IL-100 μl) and N-C-Fe3O4 composite 
(IL-300 μl). TGA of the composites in air (Figure 4.2) determined the weight 
percents of carbon in the C-Fe3O4 composite, the N-C-Fe3O4 composite 
(IL-100μl), the N-C-Fe3O4 composite and the N-C-Fe3O4 composite 
(IL-300μl) as 1.91%, 5.60 %, 10.05 %, and 14.40 % respectively.  
 
Figure 4.3 (a) Discharge capacity versus cycle number plots of C-Fe3O4 
composite and N-C-Fe3O4 composites measured at a current density of 100 
mA g-1; (b) The 1st discharge-charge curves of C-Fe3O4 composite and 
N-C-Fe3O4 composite; (c) The 2nd, 10th, 25th discharge-charge curves of 
C-Fe3O4 composite and N-C-Fe3O4 composite; (d) Cycling stability of 
N-C-Fe3O4 composite evaluated at different current densities. 
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The cycling performance of C-Fe3O4 and N-C-Fe3O4 composites for reversible 
lithium ion storage are compared in Figure 4.3. The capacity fading of 
C-Fe3O4 composite as shown in Figure 4.3a was rather severe at a current 
density of 100 mA g-1: the capacity after 30 cycles was only 520 mA h g-1. 
The lackluster cycling performance could be attributed to the mediocre quality 
of the pyrolyzed carbon derived from the CVD treatment (low electron 
conductivity) and the incomplete filling of the particle interstices with CVD 
carbon. For the N-C-Fe3O4 composites, capacity fading was substantially 
subdued with the extent of improvement dependent on the amount of carbon 
coating. The moderate but noticeable capacity fading of the N-C-Fe3O4 
composite (IL-100ul) correlates positively with its low carbon content, and is 
probably an indication of an incomplete coating of N-doped carbon on the iron 
oxide particle surface. The N-C-Fe3O4 composite with higher carbon content 
(200 μl of IL), on the other hand, experienced negligible capacity decrease 
from the 2nd cycle onwards. Consequently, a capacity as high as 848 mA h g-1 
(98.3 % of the second cycle capacity) was sustainable for 50 cycles. This 
considerable improvement of the cycling performance can be attributed to two 
complementary factors: 1) a more complete filling of the interstices with 
N-doped carbon due to the use of a penetrating high density liquid carbon 
source. This increased the electrical conductivity and hence the kinetics of the 
electrode reaction. 2) The pyrolyzed carbon matrix could also dissipate the 
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stress in the anode material caused by the volume excursions in cycling.161,162 
For the N-C-Fe3O4 composite (IL-300 μl), while cyclability was not adversely 
affected when the carbon content was increased further, the attainable capacity 
was lower due to the decrease in the electrochemically active component 
(Fe3O4) in the composite. Therefore, the ratio of N-doped carbon coating to 
Fe3O4 has to be optimized to balance the concurrent need for high capacity and 
good cyclability. A departure from optimality could introduce a compensatory 
effect between these two functional attributes.  
 
The presence of N-doped carbon coating is also expected to modify the 
surface chemistry at the electrode-electrolyte interface, and the comparison of 
first cycle discharge-charge curves of the C-Fe3O4 and N-C-Fe3O4 composites 
in Figure 4.3b confirmed this. Generally, an SEI layer is formed in the first 
lithiation cycle due to the reductive decomposition of the solvent in the 
electrolyte and other side reactions between the electrode and electrolyte. The 
formation of SEI consumes both Li+ and electrons irreversibly and is a major 
cause of ICL. The ICL of N-C-Fe3O4 composite was 20.5%, which is a 
significant reduction compared with the 33.2% ICL of the C-Fe3O4 composite. 
To the best of our knowledge, the 20.5% ICL for the N-C-Fe3O4 composite is 
the lowest among all iron oxide-based LIB anode materials in the open 
literature.152,141,156,157,158,159 In the 2nd cycle discharge-charge curves (Figure 
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4.3c), the ICL of the N-C-Fe3O4 composite was reduced to below 3%, 
indicating that the formation of SEI layer was mostly completed in the first 
cycle and reversible cycling prevailed from the second cycle onwards. Hence a 
high quality continuous N-doped carbon coating also contributed to the 
formation of a stable SEI layer to reduce the ICL. The good superimposability 
of the 2nd, 10th, 25th discharge-charge curves for the N-C-Fe3O4 composite also 
demonstrated its good structural integrity. The situation was quite different in 
the case of the C-Fe3O4 composite; where the cycle-to-cycle variations 
mirrored the capacity fading measured under the galvanostatic conditions 
(Figure 4.3a). 
 
The N-C-Fe3O4 composite also exhibited remarkable rate capability. Figure 
4.3d shows the cycling stability of the N-C-Fe3O4 composite when it was 
stepped through a series of different current densities. The electrode was first 
cycled at 50 mA g-1 where the capacity stabilized to 905mA h g-1 after 20 
cycles. The current density was then increased stepwise to 500 mA g-1, 1000 
mA g-1 and 2000 mA g-1; where stable capacities of 665 mA h g-1, 485 mA h 
g-1 and 360 mA h g-1 respectively were obtained after 20 discharge and charge 
cycles at each of these current densities. When the current density was finally 
returned to its initial value of 50 mA g-1 after a total of 80 cycles, a capacity of 
873 mA h g-1 was still recoverable and sustainable up to the 100th cycle 
 67 
without significant losses. 
 
Figure 4.4 Nyquist plots of N-C-Fe3O4 and C-Fe3O4 electrodes (inset) after 
cycling at the current density of 100 mA g-1. The frequency range used for the 
measurements was 100 kHz–0.01 Hz. All measurements were conducted in 
the delithiated state. 
 
The more facile electrode kinetics in the presence of a N-doped carbon coating 
on Fe3O4 was independently confirmed by EIS measurements. These 
measurements were carried out with the working electrode in the fully charged 
state. Figure 4.4 shows the Nyquist plots for the N-C-Fe3O4 and C-Fe3O4 
electrodes after the 1st and the 30th cycles; which share the common feature of 
a depressed semicircular arc followed by a linear tail in the low frequency 
region. Following the common equivalent circuit descriptions of these 
features: the intercept on the Z’ axis at the high-frequency end is the 
electrolyte resistance (Rs), the size of the semicircular arc that encompasses 
the mid-frequency response is an indication of the charge-transfer resistance 
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(Rct) in the electrode reaction and the inclined line in the low-frequency region 
represents the Warburg impedance (Zw) related to lithium diffusion in the 
solid.163,164 The same Rs for both composites is anticipated since they used the 
same electrolyte. For the N-C-Fe3O4 electrode, the Rct as measured by the 
diameter of the semicircular arc was small compared with that of C-Fe3O4, and 
increased minimally after repeated cycling. The Nyquist plot of the C-Fe3O4 
electrode, on the other hand, shows a significant increase in the size of the 
semicircular arc (and hence Rct) after 30 cycles. Changes in the Warburg-like 
response were also different: the low frequency tail decreased marginally from 
65.2° to 63.2° for the N-C-Fe3O4 electrode after cycling, but significantly from 
59.6° to 25.6° for the C-Fe3O4 electrode. Earlier work has shown that steeper 
low frequency tail indicates higher Li+ conductivity.165 Decrease in the slope 
indicates a rougher insulating layer on the surface and increased 
non-uniformity in the electrode.166 In our case, it is apparent that the 
interparticle resistance in the electrode was reduced by the percolating 
N-doped carbon network. The SEI layer was also more stable on the 
N-C-Fe3O4 surface, as shown by the persistence of the Rct value and the 




Figure 4.5 XPS spectra of the N-C-Fe3O4 electrode and C- Fe3O4 after 1 cycle 




Figure 4.6 XPS spectra of the N-C-Fe3O4 electrode and C-Fe3O4 after 30 cycle 




XPS analysis of the surface was carried out to gain more insights into the 
chemistry at the electrode-electrolyte interface. An electrode after a prescribed 
number of cycles was disassembled from the test cell in the glove box and 
dried under vacuum for 12h. The XPS spectra in Figure 4.5 confirm the 
presence of LiF, Li2CO3 on the surface of N-C-Fe3O4 and C-Fe3O4 electrodes 
after one full cycle; whereas a peak associated with carbon in a C-O bonding 
environment (e.g. [CH2–CH2–O]n,  ROLi and ROCO2Li) appeared at 286.5 
eV only in the C(1s) spectrum of C-Fe3O4 electrode. These C-O type 
compounds are generally the products of the reduction of electrolyte solvent 
(EC) and are chemically unstable.104  In addition, the faint peak at 687.2 eV in 
the F (1s) spectrum could be assigned to [CF2]n for the C-Fe3O4 electrode, 
based on its similarity with the SEI on Si-based anode in the literature (Figure 
4.5c).104,167 On the other hand, a peak corresponding to FeF3 was only 
detectable on the N-C-Fe3O4 electrode (Figure 4.5d). (It is worth noting that 
the intense C(1s) peak at ~284.5 eV on both electrodes (Figure 4.5b) could 
arise from multiple sources (carbon coating in the composite, the carbon 
adhesive tape used for XPS measurements, and the conductive additive (Super 
P) used in the electrode formulation). 30 cycles later, Li2CO3 and C-O type 
compounds became the only components detected on the C-Fe3O4 electrode, 
in sharp contrast with the SEI layer on the N-C-Fe3O4 electrode which was 
dominated by LiF and FeF3  (Figure 4.6). These measurements indicate that a 
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surface film consisting of Li2CO3 and C-O type compounds molecules was 
progressively thickened on the C-Fe3O4 electrode by the continual 
decomposition of electrolyte during cycling. On the contrary, the SEI layer on 
the N-C-Fe3O4 electrode was effective against further reductive decomposition 
of the electrolyte solvent – the Fe(2p) signal assignable to Fe3O4 remained 
measurable after cycling (Figure 4.6d) suggesting that the surface film had not 
grown in thickness. Furthermore, the major components of this film were 
chemically stable LiF and FeF3 rather than labile C-O type compounds on the 
C-Fe3O4 electrode.168,169 In summary the N-doped carbon coating had 
successfully modified the surface chemistry of Fe3O4 anode in a favorable 
way, although the exact mechanism for the formation of stable FeF3 only on 
the N-doped carbon surface has yet to be elucidated . 
 
4.4 Conclusions 
In summary, several N-doped carbon-encapsulated Fe3O4 composites were 
synthesized using a RTIL, [C8mim][Cl], as the liquid carbon source. The 
carbon content in the composite was optimized by varying the amount of the 
RTIL used. The anode material with the optimized carbon content exhibited 
not only excellent cyclability and rate capability, but also a significant 
reduction of the ICL in the first cycle, therefore compares favorably with other 
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iron oxide anodes in the literature. EIS measurements confirmed a more facile 
kinetics for the N-C-Fe3O4 electrode and a more persistent surface state. 
Furthermore, examination of the electrode surface showed that cycling formed 
a film with more chemically stable components (e.g. LiF and FeF3) on the 
N-C-Fe3O4 electrode; contrary to the surface film on the C-Fe3O4 electrode 
which contained more labile components. This is demonstration that a more 
stable and higher quality SEI was formed on the N-doped carbon modified 
Fe3O4 particle surface. This RTIL modification of the iron oxide electrode 
should also be considered for other anodes with the hope of improving their 













CHAPTER 5 NITROGEN-DOPED 
CARBON ENCAPSULATION OF 
ULTRAFINE SILICON 
NANOCRYSTALLITES FOR THE HIGH 
PERFORMANCE LITHIUM ION 
STORAGE 
5.1 Introduction 
Among the available anode materials that have been assessed to date, Si has 
several well-sought after features such as a very high theoretical capacity 
(4200 mA h g-1 versus 372 mA h g-1 for the graphite anode), natural 
abundance, low cost and nontoxicity. However, the actual deployment of bulk 
Si anode is challenged by the large volume excursion in the electrode during 
discharging and charging (~300 %) as well as the low Li+ diffusivity and 
electrical conductivity of bulk Si at room temperature 16,25,17 Research over the 
years has identified several strategies which can improve the usability of Si 
anodes. The downsizing of bulk Si to the nanoscale not only decreases the 
diffusion lengths of electrons and Li+, but also allows the volume change upon 
cycling to occur more uniformly without fracture.53 On the other hand, 
nanoparticles should also be assembled into mesoscale structures for ease of 
material handling; and for increasing electrode density without losing the 
kinetic and mechanical merits of Si nanoparticles.63,170,61 Thus far various Si 
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nanostructures including nanospheres, nanowires, nanotubes, hollow spheres, 
hierarchical nanostructures, as well as their composites, have been evaluated 
for the improvement of Si cyclability. However, the large surface area of these 
nanostructures intensifies the undesirable side reactions with the electrolyte 
and exacerbates the irreversibility due to SEI formation on the Si 
surface.27,171,68,172,24,153,79 In principle a high-quality carbon matrix which 
completely encapsulates Si nanoparticles and is able to maintain the Si-C 
integration could cushion the volume changes and alter the electrochemical 
processes at the electrode-electrolyte interface to satisfy cycle stability, high 
rate capability and low first cycle ICL, all at once. Unfortunately, many of the 
carbon coated Si core-shell composites developed till date still lack a quality 
carbon coating that could provide the desired outcome.104,173,115,174,28,175,176  
 
Figure 5.1 Schematic showing the synthesis and structures of different C/Si 
composites in this study. 
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This chapter reports the design of a series of C/Si composites and their 
preparation by a scalable method - the magnesiothermic reduction of C/SiO2 
composites. A schematic of the preparation is shown in Figure 5.1. In brief, 
microporous SiO2 particles were firstly prepared by a simple sol-gel process 
where tetraethyl orthosilicate (TEOS) was hydrolyzed with water in the 
presence of ammonia, hexadecyltrimethyl-ammonium bromide (CTAB) and 
ethyl acetate.177 The SiO2 particles were then mixed with [C8mim][Cl], to 
form a homogeneous slurry. Vacuum infiltration was applied to help penetrate 
the RTIL into the SiO2 micropores. The electrostatic coupling between 
negatively charged SiO2 surface and [C8mim]+ cations eased the adsorption 
and the encapsulation of SiO2 by RTIL. This was beneficial to the formation 
of a continuous layer of conformal conductive N-doped carbon after 
subsequent heat treatment. Previous chapter on Fe3O4 anodes had 
demonstrated the versatility of this preparation method and the quality of the 
N-doped carbon network formed as such (good accommodation of volume 
changes during cycling, increase in electrical conductivity, and more facile 
electrochemical processes at the electrode-electrolyte interface).178 In this 
work, the N-doped carbon network also containerized the SiO2 nanoparticles 
during magnesiothermic reduction, and prevented the aggregation of Si 
nanocrystals in the high temperature preparation. The final product was 
hollow spherical C/Si composite (IL-C-Si-HS) containing a porous N-doped 
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carbon shell and a dispersion of ultrafine Si nanocrystals (6-10 nm) in the shell. 
In addition, the porosity of the SiO2 particles could also be modified to the 
mesoscale by a “surface-protected etching” process using poly(ethyleneimine) 
(PEI) as the etchant. When the PEI “modified” SiO2 (PEI-SiO2) was used as 
the precursor, the C/Si composite (IL-C-Si-MS) did not have a hollow interior. 
Instead the Si nanocrystals were uniformly dispersed in a mesoporous 
N-doped carbon network. The microstructure of IL-C-Si-MS mirrored that of 
the RTIL-impregnated PEI-SiO2 precursor closely, suggesting a more 
complete imbibition of RTIL after the mesoporosity modification. The 
IL-C-Si-MS composite prepared as such successfully integrated a number of 
favourable features such as a mesoporous N-doped carbon conducting network, 
sufficiently large surface area, ultrafine Si nanocrystals and high quality 
contact with the carbon matrix into an effective mixed-conducting property. 
When evaluated as an anode material for the LIBs, it displayed impressive 
cycle stability; providing a high charge (delithiation) capacity of 1380 mA h 
g-1 at 200 mA g-1, stable cyclability up to 4 A g-1 as well as a significantly 
reduced ICL of 434 mA h g-1 in the first cycle.  
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5.2 Experimental section 
5.2.1 Materials 
All chemicals were used as received. Hexadecyltrimethylammonium bromide 
(CTAB, ≥ 98%), tetraethylorthosilicate (TEOS, 98%), magnesium (Mg, 98%), 
poly (ethyleneimine) (PEI, 50%), ethyl acetate (CH3COOCH2CH3, 99.8%), 
metallic Li foil (99.9%) and carboxymethylcellulose sodium salt (CMC) were 
supplied by Sigma-Aldrich. The battery electrolyte of 1M LiPF6 solution in a 
1:1:1 (v/v) mixture of EC, DEC and dimethyl carbonate (DMC) was supplied 
by Hohsen Corp. Ethanol (C2H5OH, analytical grade), hydrofluoric acid (HF, 
48%) and ammonia solution (NH3, 25 %) were purchased from Merck KGaA. 
Hydrochloric acid (HCl, 37.8 %) was obtained from J.T Baker. 
1-octyl-3-methylimidazolium chloride ([C8mim][Cl]) was synthesized by the 
method described in our previous work.178 Ultrapure water (Millipore) with 
resistivity greater than 18.2 MΩ.cm was used as a general purpose solvent. 
5.2.2 Materials preparation  
Microporous SiO2 nanoparticles were synthesized by the sol-gel method. 1mL 
ethyl acetate, 6 mL CTAB aqueous solution (54.8 mM) and 3.2 mL of 
ammonium solution were added successively to 148 mL deionized water 
under magnetic stirring. 0.6 mL of tetraethyl orthosilicate (TEOS) was then 
introduced and the mixture was stirred continuously for 20 minutes before it 
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was neutralized with 2 M hydrochloric acid. The solid product was recovered 
by centrifugation, followed by vacuum drying at 120 °C for 24 h. The dry 
SiO2 nanoparticles were then dispersed in 1mL acetone. 140 μL [C8mim][Cl] 
was then added to the acetone suspension with stirring to form a homogeneous 
slurry. Acetone in the slurry was then removed by a 12 h vacuum evaporation 
process, which also facilitated the infiltration of [C8mim][Cl] into the pores of 
the SiO2 nanoparticles. The powder after the vacuum evaporation process was 
heat-treated at 550 °C for 4 h in flowing nitrogen (at 200 sccm). The 
heat-treated product was identified as IL-C-SiO2. IL-C-SiO2 was mixed with 
Mg powder according to the weight ratio of SiO2 to Mg = 1:1. After grinding 
and mixing thoroughly in an agate mortar, the mixture was placed in a crucible 
and heated at 700 °C for 5 h in a flowing mixture of 5% hydrogen and 95% 
argon (at 100 sccm). The product obtained as such was washed with 2 M HCl, 
10 wt % HF and ethanol in succession to remove MgO and unreacted SiO2. 
The hollow spherical C/Si composite fabricated as such was identified as 
IL-C-Si-HS. Glucose was used as the alternate carbon precursor for 
comparison purpose. Hence 40mg D-(+)-glucose monohydrate was used 
instead of [C8mim][Cl] while keeping other experimental conditions the same 
as those in the preparation of IL-C-Si-HS. The C/SiO2 composite obtained 
before pyrolysis was designated as G-C-SiO2; while the final C/Si composite 
was designed as G-C-Si.  
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The pore size of the microporous SiO2 nanoparticles synthesized by the 
aforementioned sol-gel method was altered by a modification of the 
surface-protected etching method described by You et al.179 Briefly, 200 mg of 
microporous SiO2 nanoparticles were suspended in 20 mL water. 200 mg (or 
400 mg) of PEI was added to the SiO2 suspension under sonication for 30 
minutes. The solid product was then collected by centrifugation and repeatedly 
washed with deionized water until the wash solution was neutral. The solid 
was then vacuum dried at 120 °C for 24 h. The modified SiO2 nanoparticles 
was designated as PEI-SiO2 (and PEI×2-SiO2) respectively. Using the 
pore-size modified PEI-SiO2 or PEI×2-SiO2 as the Si precursor while keeping 
other experimental parameters the same as in the preparation of IL-C-Si-HS, 
IL-C-Si-MS and IL-C-Si-MS-2 C/Si composites were obtained. 
5.2.3 Materials Characterization 
FESEM was performed on a 10 KV JEOL JSM-6700F scanning electron 
microscope. In-situ EDX analysis was carried out during the FESEM session 
using a Horiba EMAX attachment analyser. TEM, BET and XPS 
characterizations were conducted at the identical conditions as described in 
Chapter 3. The phase compositions of various material samples were 
determined by XRD on a Bruker D8 ADVANCE Diffractometer using Cu Kα 
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radiation. TGA was performed in air on a Shimadzu-DTG-60H from 40 to 
700 °C using a temperature ramping rate of 10 °C min-1. 
5.2.4 Electrochemical Measurements 
The working electrode was a homogenous slurry of 80 wt% composite and 20 
wt% CMC binder in a water-ethanol mixture (2:3 v/v). The slurry was 
uniformly coated on a copper foil current collector and vacuum dried at 
120 °C for 12 h. Lithium foil was used as the counter electrode and 1M LiPF6 
solution in a 1:1:1 (v/v) mixture of EC, DMC, DEC was used as the electrolyte. 
The test cells were discharged (Li+ insertion) and charged (Li+ extraction) 
galvanostatically at room temperature in the 0.01 V to 2 V voltage window at 
different current densities on a Neware BTS-610 battery tester. 
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5.3 Results and Discussion 
 
Figure 5.2 (a) FESEM image of SiO2 nanoparticles synthesized by the sol-gel 
process; (b) TEM images of SiO2 nanoparticles at low and high magnifications 
(inset); (c) FESEM image of IL-C-Si-HS composite; (d) TEM image and 
HRTEM image (inset) of IL-C-Si-HS composite; (e) High magnification STEM 
image and EDS element maps of N, C and Si; (g) High-resolution N 1s spectra 




Figure 5.3 (a) FESEM image of IL-C-SiO2 composite; (b) TEM image of 
IL-C-Si-HS composite; (c) FESEM image of G-C-SiO2 composite; (d) TEM 
image and HRTEM image (inset) of G-C-Si composite. 
 
The morphology of the sol-gel derived SiO2 particles was first examined by 
electron microscopy. The FESEM image (Figure 5.2a) and the low 
magnification TEM image (Figure 5.2b) show spherical particles with 
diameters of 70 nm – 100 nm. The high magnification TEM image of a typical 
SiO2 nanoparticle (Figure 5.2b inset) reveals the ordered array of micropores 
in the particle. The representative micropore marked in white in the Figure 
displays a regular hexagonal cross-section and size of ~2 nm. The 
transformation of SiO2 nanoparticle into carbon-encapsulated SiO2 composite 
(IL-C-SiO2) did not alter the sphericity of the nanoparticles, as shown by the 
FESEM image of Figure 5.3a. This is indication of the capability of RTIL as a 
liquid carbon source which can coat the SiO2 nanoparticles conformally. 
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Although the morphology remained spherical overall after magnesiothermic 
reduction, fractured nanoparticles of the IL-C-Si-HS composite (marked by 
white arrows in Figure 5.2c) reveal the hollow interior of the nanoparticles. 
The TEM images in Figure 5.2d and Figure 5.3b show more geometric details: 
overall diameter of 60 nm -100 nm for the hollow nanospheres and 5-10 nm 
thick shells. A lattice-resolved HRTEM image (Figure 5.2d, inset) shows 
~6-10 nm ultrafine nanocrystallites (marked by red circles) with distinct lattice 
fringes spaced 0.31 nm apart, which correspond well with the interplanar 
spacing of Si (111). In the control experiment where D-(+)-glucose 
monohydrate, a common carbon precursor, was used in lieu of [C8mim][Cl], 
there was detectable heterogeneity in the resulting composite (G-C-SiO2) – 
non-uniform carbon coating on the SiO2 nanoparticles and isolated large solid 
lumps (see the white arrows in Figure 5.3c). TEM image and HRTEM image 
(Figure 5.3d and inset) show that the Si particles in the G-C-Si composite are 




Figure 5.4 XRD patterns of C/Si composites prepared in three different ways. 
 
The XRD patterns in Figure 5.4 confirm that the diffraction peaks of various 
composites after magnesiothermic reduction are all indexable to the cubic 
phase of Si with Fd-3m space group (ICDD 00-001-0787). The average 
crystallite size estimated by the Scherrer equation (using the Si(111) 
diffraction peak ) is ~ 41.6 nm and 11.3 nm for G-C-Si and IL-C-Si-HS 
respectively. Morphological examinations and structural characterizations 
therefore established that the RTIL [C8mim][Cl] was able to provide a more 
uniform carbon coating and more complete encapsulation of the SiO2 
nanoparticles than glucose monohydrate. This capability could be attributed to 
the attractive electrostatic interaction between the negatively charged SiO2 
surface (from the partial ionization of surface silanol groups SiOH into SiO-) 
and [C8mim]+ cations. In this regard, the IL-derived carbon was more able to 
preserve the nanoscale advantage of Si during magnesiothermic reduction. In 
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sharp contrast, the glucose-derived carbon was unable to completely 
encapsulate the SiO2 particles. As a result it failed to inhibit the aggregation of 
Si nanocrystals during the high temperature magnesiothermic reaction. On the 
other hand, the presence of a hollow cavity in the IL-C-Si-HS composite 
indicates a thermally driven migration of Si atoms from the core to the shell, 
suggesting that [C8mim][Cl] was unable to infiltrate into the deeper interior of 
the microporous SiO2 nanoparticles. It was hypothesized that the smallness of 
the micropores had constricted the mobility of the ionic liquid. The EDX 
elemental maps of the IL-C-Si-HS composite (Figure 5.2e) show 
superimposable N, C and Si signals, confirming the uniform distribution of C, 
N and Si throughout the hollow spherical particles. XPS was used to examine 
the nitrogen oxidation states in the composites. The high-resolution N 1s 
spectrum of IL-C-Si-HS composite had a bimodal distribution (Figure 5.2f, 
inset) which could be deconvoluted into two peaks with binding energies of 
398.2 eV and 400.5 eV attributable to pyridinic (C=N) and pyrrolic (C–N) 
nitrogen respectively. The presence of nitrogen in multiple chemical states 
indicates that the ionic liquid carbon source [C8mim][Cl] had successfully 
transformed to N-doped carbon after pyrolysis. 
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Figure 5.5 (a) TEM images of PEI-SiO2 composite at low and high (inset) 
magnifications; (b) TEM images of PEI×2-SiO2 composite at low and high 
(inset) magnifications; (c) Nitrogen adsorption/desorption isotherms of SiO2 
nanoparticles, PEI-SiO2 and PEI×2-SiO2 composite nanoparticles; (d) 
Pore-size distributions of SiO2 nanoparticles, PEI-SiO2 and PEI×2-SiO2 
calculated by the DFT method; (e) TEM image and HRTEM image (inset) of 
IL-C-Si-MS composite; (f) TEM image and HRTEM image (inset) of 
IL-C-Si-MS-2 composite. 
 
Figure 5.6 (a) Nitrogen sorption isotherms of IL-C-Si-HS, IL-C-Si-MS and 
IL-C-Si-MS-2; (b) Pore-size distribution plots of IL-C-Si-HS, IL-C-Si-MS and 
IL-C-Si-MS-2 computed by the DFT method. 
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Table 5.1 Physical properties from N2 sorption isotherms for various SiO2 and 
C/Si products. 
 















719.2 0.439 1.5-2.5 I H4 
PEI-1-SiO2 844 0.736 2.5-3.5 IV H1 
PEI-2-SiO2 967 0.859 2.5-3.5 IV H1 
IL-C-Si-HS 165 0.254 3-14 IV H1 
IL-C-Si-MS 104 0.196 2-6 IV H1 
IL-C-Si-MS-2 67 0.057 2-4 II H4 
 
In order to ease the diffusion of RTIL into the SiO2 nanoparticle interior, the 
pore size of the SiO2 nanoparticles was enlarged by a surface-protected 
etching method.179 PEI, an alkaline polyelectrolyte, was selected as the etching 
agent. An optimal dose of PEI would release OH- to create a mildly alkaline 
environment for SiO2 etching, while the long PEI carbon chains would protect 
the SiO2 exterior from being etched too aggressively before the enlargement of 
micropores. As shown by the TEM images at different magnifications (Figure 
5.5a and inset), the monodisperse SiO2 nanoparticles after PEI treatment 
(PEI-SiO2) had the same overall size of ~ 80-100 nm and the smooth surface 
of microporous SiO2 nanoparticles before etching. From the measurements of 
specific surface area and pore size distribution of SiO2 nanoparticles by N2 
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adsorption and desorption, unmodified SiO2 nanoparticles exhibited a type I 
isotherm with H4 hysteresis loop typical of microporous materials. In 
comparison, PEI-SiO2 exhibited type-IV isotherms and H1 hysteresis loops 
characteristics of a highly mesoporous structure with narrow pore size 
distributions (Figure 5.5c and Table 5.1). The corresponding pore-size 
distribution (Figure 5.5d) from density functional theory (DFT) calculations 
indicated variations in pore diameter as 1.5-2.5 nm for unmodified SiO2 
nanoparticles and 2.5-3.4 nm for PEI-SiO2. Using PEI-SiO2 as the Si precursor 
while keeping other experimental parameters the same as those for the 
preparation of IL-C-Si-HS, another composite, IL-C-Si-MS, was obtained. 
Figure 5.5e shows that the composite was mesoporous, which was also 
confirmed by the type IV isotherm in Figure 5.6a. The average Si crystallite 
size calculated by the Scherrer equation using the most intense Si(111) 
diffraction in the XRD pattern (Figure 5.4) was about 8.4 nm, in agreement 
with the measurements by electron microscopy (Figure 5.5e inset). Hence the 
RTIL-derived carbon matrix effectively containerized the SiO2 nanoparticles 
for the magnesiothermic reduction of SiO2 so that Ostwald ripening of the 
reduced Si nanoparticles would not occur at high temperature. On the other 
hand, although doubling the PEI dosage would result in an even increased 
BET surface area and the pore volume for the modified SiO2 nanoparticles 
(Table 5.1), the roughened exterior of the resultant etched SiO2 nanoparticles 
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(PEI×2-SiO2) as shown in inset image of Figure 5.5b indicated the dominance 
of etching effect over the surface protection. It was also noted that the yield of 
PEI×2-SiO2 from microporous SiO2 nanoparticles was a low 34 wt% 
compared with the 77 wt% for PEI-SiO2. IL-C-Si-MS-2, the composite 
prepared from the PEI×2-SiO2 silicon precursor, contained a denser carbon 
matrix with dispersed Si nanocrystals (Figure 5.5f and inset). Consequently 
the composite exhibited a significantly lower surface area and smaller pore 
volume than those of IL-C-Si-MS (Table 5.1). After taking into considerations 
various factors such as yield, morphology, and physical properties, 
IL-C-Si-MS was identified as a more suitable anode candidate for 
electrochemical evaluations.  
 




Figure 5.8 (a) Cycling performance of G-C-Si, IL-C-Si-HS and IL-C-Si-MS 
at low current density of 200 mA g-1; (b) Cycling performance of IL-C-Si-MS 
composite at current density of 1 A g-1; (c) The 1st, 2nd, 10th, 30th 
charge-discharge curves of G-C-Si, IL-C-Si-HS and IL-C-Si-MS composites; 
(d) Cycling stability of IL-C-Si-MS composite at different current densities. 
 
TGA determined the carbon contents of G-C-Si, IL-C-Si-HS and IL-C-Si-MS 
as 29.7 wt%, 37.2 wt% and 40.1 wt% respectively (Figure 5.7). According to 
literature, the highest lithiated phase of Si that could be reached at room 
temperature is Li15Si4 rather than Li22Si5.180-182 The theoretical gravimetric 
capacity of Si at room temperature should therefore be 3579 mA h g-1 instead 
of the oft-cited 4200 mA h g-1.25,26 In this regard, the theoretical capacities of 
G-C-Si, IL-C-Si-HS and IL-C-Si-MS electrodes calculated based on the Si 
content alone (= theoretical gravimetric capacity of Si × mass fraction of Si in 
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the composite × mass fraction of composite in the electrode) were 2004 mA h 
g-1, 1797 mA h g-1 and 1714 mA h g-1 respectively. (It should be noted that all 
gravimetric capacities in this report were calculated based on the total mass of 
electrode materials (active material + binder + conductivity additive) rather 
than the mass of C/Si composites only). 
 
The tight integration between mesoporous N-doped carbon and ultrafine Si 
nanocrystals should provide the IL-C-Si-MS composite with favourable 
mixed-conducting properties (electronic and ionic conductivities) and better 
accommodation of the volume change in cycling. Galvanostatic measurements 
were carried out to investigate the effect of morphology on the performance of 
various as-fabricated C/Si composites. It is clear from Figure 5.8a that the 
G-C-Si electrode has the least impressive performance even at a low current 
density of 200 mA g-1, where severe capacity fading (decrease in charge 
capacity from 1160 mA h g-1 to 674 mA h g-1 in 30 cycles) and low coulombic 
efficiency (62.2 % for the 1st cycle and less than 95% after the first 15 cycles) 
are rather apparent. The IL-C-Si-HS composite fared much better; with a high 
initial coulombic efficiency of 75.3 % and a large charge capacity of 1019 mA 
h g-1 which was still viable after 30 cycles (74% of the first cycle capacity). 
The increase in capacity retention and reversibility in Li+ storage of 
IL-C-Si-HS could obviously be attributed to the quality of carbon and its 
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coverage that could be formed from the liquid carbon source, [C8mim][Cl]. 
The total encapsulation of the SiO2 precursor with this RTIL enabled nano-Si 
to be formed after reduction to retain the nanoscale advantage and be 
dispersed in a continuous N-doped carbon matrix.  Even more encouraging 
results were obtained after pore-size engineering of the SiO2 precursor to 
optimize the integration with RTIL: the IL-C-Si-MS composite which 
employed PEI-SiO2 as the Si precursor delivered a first cycle discharge 
capacity of 1890 mA h g-1 which is higher than the calculated theoretical 
capacity of 1714 mA h g-1. The excess could be attributed to charge and Li+ 
consumption associated with the formation of the SEI layer. The de-alloying 
process in the first cycle delivered a charge capacity of ~ 1456 mA h g-1. 
Capacity fading due to the irreversibility in discharging and charging was 
significantly reduced from the second cycle onwards, and a charge capacity as 
high as ~ 1380  mA h g-1 could be maintained for the next 30 cycles and was 
the best among the three C/Si composites. The cycle stability of the 
IL-C-Si-MS composite at high current density was also demonstrated: a 
charge capacity of 905 mA h g-1, or 93.1% of the first cycle value (Figure 
5.8b), was retainable for 100 cycles at 1A g-1. The good cyclability of 
IL-C-Si-MS could be attributed to the combination of several factors: 1) a 
mesoporous N-doped carbon network which electrically integrated the 
uniformly distributed ultrafine Si nanocrystals (6-10 nm) with minimum 
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interparticle charge transfer resistance; 2) mesoporosity-induced facilitation of 
electrolyte percolation which increased the Li+ influx at the 
electrode-electrolyte interface; 3) the uniformly distributed mesopores and 
complete carbon encapsulation effectively cushioned the volume changes of 
nanosized Si in discharge and charge cycles.   
  
Figure 5.9 Sum of irreversible capacity loss (ICL) during the cycling of 
various C/Si electrodes.  
 
The presence of the N-doped carbon matrix was also expected to modify the 
electrochemistry at the electrode-electrolyte interface and improved the 
electrochemical reversibility in cycling. The greater stability of the SEI layer 
after RTIL-derived carbon encapsulation could be illustrated by comparing the 
discharge-charge curves in Figure 5.8c. The 458 mA h g-1 1st cycle ICL of the 
IL-C-Si-HS electrode was a 35% reduction of that of the G-C-Si electrode 
(704 mA h g-1). The 1st cycle ICL of IL-C-Si-MS (434 mA h g-1) was 
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comparable to that of IL-C-Si-HS. This is to be expected since the surface 
modification by N-doped carbon encapsulation was categorically the same in 
both cases. However, the dispersion of Si over the entire region of a particle in 
IL-C-Si-MS was more effective in cushioning the volume change of Si during 
cycling to avert the creation of new exposed Si surfaces. This was 
corroborated by the measurements of coulombic efficiency during the initial 
cycles (Figure 5.9). Despite comparable values in the 1st cycle, the sum of ICL 
from the first 10 cycles for IL-C-Si-MS was 94 mA h g-1 lower than that of 
IL-C-Si-HS (1008 mA h g-1 versus 1102 mA h g-1). This difference also 
became more noticeable with continued cycling (94 mA h g-1 for the first 10 
cycles, to 336 mA h g-1 for the first 20 cycles and 514 mA h g-1 for the first 30 
cycles). This analysis highlighted the effectiveness of a mesoporous carbon 
matrix of IL-C-Si-MS in restraining the uncontrolled growth of the SEI layer 
which is the bane of Si cyclability. The excellent superimposability of the 2nd, 
10th, and 30th discharge-charge curves of IL-C-Si-MS electrode was in strong 
contrast to the cycle-to-cycle variations found in the IL-C-Si-HS and G-C-Si 
electrodes (Figure 5.8c).  
 
Figure 5.8d shows the cycle stability of the IL-C-Si-MS electrode when it was 
stepped through a series of different current densities. The electrode was first 
cycled at 100 mA g-1 where the capacity stabilized to 1529 mA h g-1 after 5 
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cycles. The current density was then increased stepwise to 500 mA g-1, 1 A g-1 
and 2 A g-1and 4 A g-1; where stable charge capacities of 1277 mA h g-1, 967 
mA h g-1, 755 mA h g-1 and 579 mA h g-1 respectively were obtained after 20 
discharge and charge cycles at each of these current densities. When the 
current density was returned to the initial value of 100 mA g-1, a capacity of 
1459 mA h g-1 was obtained and was stable for the next 10 cycles without 
observable capacity losses. The good rate performance could again be 
attributed to a favourable combination of ultrafine Si nanocrystals and a 
mesoporous N-doped carbon network which provided an optimal balance of 




In summary, this chapter reports the scalable synthesis of C/Si composites by 
the magnesiothermic reduction of different C/SiO2 composites. Through 
careful selection of the liquid carbon precursor and pore size engineering of 
the SiO2 precursor, a IL-C-Si-MS composite was successfully fabricated 
where ultrafine Si nanocrystals were uniformly dispersed in and intimately 
integrated with a pervasive mesoporous N-doped carbon matrix. The 
composite provided an optimal balance of mixed-conducting properties and 
effective cushioning of the volume change of Si during cycling. As a result 
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galvanostatic measurements recorded a good electrochemical performance in 
reversible Li+ storage - stable charge capacity of ~ 1380 mA h g-1 at 200 mA 
g-1, low 1st cycle ICL of 434 mA h g-1, and good rate performance up to 4 A 
g-1. With further optimization of the design variables, the mesoporous C/Si 
composite (IL-C-Si-MS) could have good prospects as a high capacity anode 















CHAPTER 6 FACILE 
SOLVOTHERMAL SYNTHESIS OF 
ANATASE TiO2 MICROSPHERES 
WITH ADJUSTABLE 
MESOPOROSITY FOR THE 
REVERSIBLE STORAGE OF 
LITHIUM IONS 
 
6.1 Introduction  
The low lithiation potential of carbon anodes (< 0.2 V) is a potential safety 
issue for high rate charging (which will be common in EV applications) where 
electrode polarization may be large enough to cause metallic lithium 
deposition.10 Furthermore, the SEI formed on the anode at 1.0 V and below 
consumes valuable Li+ from the cathode irreversibility. Aside from the loss of 
initial capacity, the thermal lability of SEI is another safety concern for 
power-oriented applications.183,184,61 Hence, there has been extensive research 
to identify potential substitutes for the carbon anode without the 
aforementioned problems.  
 
TiO2 has emerged as one of the candidate materials since it can intercalate Li+ 
at relatively high potentials (~1.7 V versus Li/Li+). In addition, the Li+ 
The content of this chapter has been published 
in J. Mater. Chem., 2012, 22, 24380-24385. 
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intercalation/de-intercalation reactions incur very small volume changes (less 
than 4%) and hence good cycle stability is theoretically possible.47,185,186 
Among the TiO2 polymorphs, anatase is generally considered as the most 
suitable Li+ intercalation host in view of its higher Li+ storage capability than 
rutile and greater structural stability than brookite.186,187,188,189 Its natural 
abundance, low cost and environmental benignity are added advantages to the 
construction of safe and cost-effective LIBs.57 However, slow electrode 
kinetics of bulk anatase due to low electronic conductivity and Li+ diffusivity 
has been an impediment to practical applications.185,190,191 Many 
nanoengineering methods have been proposed as mitigation solutions: foreign 
atom (N, F, Nb, Fe, Zn, Sn, W) doping,29,30,126,127,128,129,130 compositing with 
conductive matrices (e.g. carbon nanotubes, graphene) and surface 
modifications with materials of high electrical conductivity (Au, Ag, 
RuO2)185,192, 193,56.  
 
Recent findings have shown that organizing nanoparticles into micron size 
structures is beneficial to the reversible storage of Li+: The nanoscale 
crystallites, which are building blocks of the hierarchical structure, support 
fast diffusion of Li+ and electrons. The large surface area of the structure, if 
present, allows more interfacial contact between the active material and the 
electrolyte. Micron size particles also have additional advantages of high tap 
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density, improved processability and good stress/strain relief in repetitive 
lithium intercalation/de-intercalation reactions.53 Thus far some hierarchical 
TiO2 structures with lithium storage properties have been demonstrated: For 
example, 3D dendritic TiO2 structures were synthesized by a hydrothermal 
method by Sun et.al. The cycle stability of the product was however not very 
satisfactory.190 Liu et.al used colloidal silica as the hard template to produce 
TiO2–B (brookite) microspheres.186 The synthesis method is complex as it 
involved both ion exchange and template removal processes. Wang et.al 
prepared mesoporous nanocrystalline TiO2 microspheres by simple hydrolytic 
precipitation. Unfortunately, the rate performance of the fabricated 
mesosphere was only good to 1.2 C.194 
 
The observation of size and morphology dependent electrochemical properties 
in these studies necessitates the development of synthesis strategies where 
elements of anatase structures such as crystallite size of the nanoscale building 
blocks and overall particle morphology, may be controlled precisely to deliver 
the target functions. Pioneer work of Palani et.al has studied electrochemical 
properties of mesoporous anatase materials of irregular shape.55 To this end 
we present here a facile, inexpensive and environmentally benign 
solvothermal procedure which can produce a variety of mesoporous TiO2 
microparticles with adjustable morphologies, and further investigate their 
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structure-morphology-property relationships. One type of microspheres, 
consisting of ultra-fine anatase nanocrystallites (6-8 nm) and uniform 
mesopores (4-8 nm), appears to have the microstructure optimized for 
reversible Li+ storage: facile electrode kinetics, fast interfacial storage, good 
electrode-electrolyte contact, and large particle packing density. Consequently 
these mesoporous microspheres delivered good rate capability (125 mA h g− 1 
at 10 C and 151 mA h g− 1 at 5C) and long cycle life (250 cycles). This cycling 
performance surpasses other types of as-synthesized TiO2 microspheres, and 
demonstrates more potential than TiO2 composites with electrical conductors 
for power-oriented applications.185,126,193,56,195 This study indicates that an 
optimized microstructure (combinations of mesoporosity, grain size and 
morphology) is as important as, if not more than, intrinsic material properties 
in determining the overall performance for reversible lithium storage. 
 
6.2 Experimental Section 
6.2.1 Materials 
Titanium (IV) isopropoxide (Ti[OCH(CH3)2]4, 99%), urea (H2NCONH2, 98%), 
ethanol (CH3CH2OH, 99.5%), 2-propanol ((CH3)2CHOH, 99.5%), metallic Li 
foil (99.9%), PVDF and NMP from Sigma-Aldrich; PVA (MW=115000) from 
BDH Laboratory Supplies; super P conductive carbon black (Super C65) 
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provided free by Timcal Ltd; and lithium ion battery electrolyte from Hohsen 
Corp; were used as received without further purification. Ultrapure water 
(Millipore) with resistivity higher than 18.2 MΩ.cm was used throughout the 
experiments.  
 
6.2.2 Materials preparation 
Mesoporous TiO2 microspheres were synthesized by a solvothermal reaction 
followed by heat treatment. In a typical synthesis, 0.5 mL titanium (IV) 
isopropoxide was dissolved in 30 mL ethanol and magnetically stirred. 0.1g 
PVA was added to the ethanol solution followed by urea and water in the mole 
ratio of Ti/Urea/H2O = 1/2/0.25. The homogenized solution was transferred to 
a 50 mL teflon-lined stainless steel autoclave; sealed and heated in an electric 
oven at 180 °C for 12 h. The solid solvothermal reaction product was 
recovered by centrifugation, washed with ethanol and water in turns, and 
heat-treated at 450 °C in air for 2 h for the crystallization of TiO2 and the 
removal of hydrated water molecules. The product was designated as MS-1. 
When the mole ratio of Ti/Urea/H2O was changed to 1:2:0.5 and 1:2:1 while 
keeping all other preparation variables the same, yolk-like microspheres (YMS) 
and hollow microspheres (HMS) were produced respectively. When only the 
dosage of urea was doubled in the solvothermal reaction (Ti/Urea/H2O mole 
ratio of 1:4:0.25), the product formed was designated as MS-2. When 
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2-propanol was used as the solvent for solvothermal synthesis instead of 
ethanol, the product formed was designated as MS-3. 
 
6.2.3 Materials characterization 
FESEM, TEM, XRD, BET characterizations were conducted at the identical 
conditions as described in Chapter 4. 
6.2.4 Electrochemical measurements 
The working electrode for electrochemical measurements was a copper foil 
current collector pasted uniformly with a slurry of 70 wt % anode material, 20 
wt % Super P, and 10 wt % PVDF binder in NMP; followed by drying in 
vacuum at 100 °C for 24 h. The counter electrode was a pure lithium metal 
foil and the electrolyte was 1M LiPF6 solution in a 50:50 v/v mixture of EC 
and DEC. Cell assembly was carried out in a recirculating Ar glove box where 
both oxygen and moisture contents were below 1ppm each. The test cells were 
discharged (Li+ intercalation) and charged (Li+ de-intercalation) 
galvanostatically on a Maccor series 2000 battery tester at different C-rates 
(1C = 340 mA g-1) in the 1V–3 V voltage window at room temperature. EIS 
was performed on an AutoLab FRA2 type III electrochemical system. AC 
impedance measurements were carried out in the 100 kHz to 0.1 Hz frequency 
range using a small perturbation amplitude of 10 mV. 
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6.3 Results and discussion 
 
Figure 6.1 (a) FESEM image of MS-1; (b) TEM image and HRTEM image 
(inset) of MS-1; (c) TEM image of YMS; (d) TEM image of HMS; (e) Low 






Figure 6.2 (a) FESEM image of solid TiO2 microspheres formed with no 
water present in the solvothermal synthesis; (b) low and high (inset) 
magnification FESEM images of HMS; (c) TEM image of the shell of HMS; 
(d) TEM image of TiO2 irregular aggregates formed at a H2O/Ti mole ratio of 
2; (e) TEM image of TiO2 microspheres formed when urea was absent in the 
solvothermal reaction; (f) FESEEM images of TiO2 microspheres when 
isopropanol was the solvent in the synthesis; (g) FESEEM images of TiO2 
microspheres when glycol was the solvent; (h) FESEM image of the TiO2 
microspheres where no PVA was present in the solvothermal reaction. 
 
The morphology of the synthesized TiO2 products was first examined by 
electron microscopy (Figure 6.1). FESEM image (Figure 6.1a) shows that 
MS-1 consisted mainly of TiO2 microspheres with diameters from 500 nm to 2 
μm. A closer examination by TEM revealed that each of the microspheres was 
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composed of numerous fine nanocrystals about 6-8 nm in diameter (Figure 
6.1b and 1b inset). Crystallinity was confirmed by high resolution TEM 
(Figure 6.1b, inset) where well-defined lattice fringes spaced 0.35 nm apart 
and corresponding well with the interplanar spacing of the anatase (101) 
planes were found. The TEM images also clearly showed the mesopores 
formed by the interstices between the particles, which were uniformly 
distributed throughout the microsphere. Both water and urea were necessary 
for the formation of mesoporous microspheres MS-1 by solvothermal 
synthesis. The role of water will be discussed first. From control experiments 
where no water was present in the solvothermal synthesis, very dense 
aggregated TiO2 microspheres with low or no porosity were formed (Figure 
6.2a). Increasing the H2O/Ti mole ratio to 0.5 or 1 while keeping other 
experimental variables unchanged found the progressive hollowing of the 
microspheres into yolk-like (Figure 6.1c) and hollow microspheres (HMS) 
(Figure 6.1d). In these morphologies the interior of the microspheres was 
partially or completely dissolved accompanied by decreasing thickness of the 
shell. FESEM images taken at different magnifications (Figure 6.2b) and TEM 
image (Figure 6.2c) showed that even with the thinning of the shell to 150-200 
nm, particle sphericity and mesoporosity were still maintained. The sphericity 
of the microparticles was, however, completely destroyed at a H2O/Ti mole 
ratio of 2 where the product was predominantly irregular aggregates of 20 nm 
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nanoparticles (Figure 6.1d). The morphology evolution using water as the 
hollowing agent can be understood in terms of the dissolution-recrystallization 
of anatase during solvothermal synthesis, a mechanism which has been 
proposed for similar hydrothermal systems (TiF4-H2SO4 and 
Ti[OCH(CH3)2]4-C3H8O).196,197 In brief water controlled the dissolution of the 
densely-aggregated crystallites. When only a small amount of water was 
present in the system, the dissolution rate was low and in-situ recrystallization 
of TiO2 occurred predominantly. The increase in water content accelerated the 
dissolution process. The metastable primary particles in the core area were 
dissolved via the Ostwald ripening mechanism , and migrated from the center 
to the surface region to leave a cavity behind.198 At a high H2O/Ti mole ratio 
of 2, dissolution was rampant. The resulting relocation of particles was 
extensive and hence unable to preserve the original spherical geometry. 
Irregular aggregates of crystalline anatase TiO2 nanoparticles were formed as a 
result. 
 
Urea was essential for developing the mesoporous microstructure in this 
solvothermal synthesis. The decomposition of urea did not only produce OH- 
to accelerate the hydrolysis of titanium (IV) isopropoxide, but also liberated 
CO2 gas to contribute to the creation of mesoporosity.199,200,201 When no urea 
was used in the synthesis, hollow microspheres with thick compact shell were 
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formed (Figure 6.2e). At the other extreme of an excess of urea in the reaction 
(Ti/Urea=1:4), the excessive OH- facilitated the nucleation and particle growth 
of the hydrated TiO2; upon the subsequent phase transformation, the resulted 
microspheres (MS-2) still retained mesoporosity but the building blocks were 
nanoparticles with a larger diameter around 15 nm (Figure 6.1e). Based on the 
above discussion, the formation of microsphere of small anatase crystallites 
and uniform mesopores requires the right balance of water and urea to deliver 
a synergistic outcome. The effect of solvent was also studied: when 
isopropanol replaced ethanol as the solvent, the microspheres (MS-3) were 
formed by densely packed nanothorns about 20-30 nm in length and 15 nm in 
diameter (Figure 6.1f and Figure 6.2f). The decrease in porosity and increase 
in crystallite size probably resulted from the higher viscosity of the solvent 
(isopropanol) since recrystallization of anatase is known to be 
diffusion-controlled.202 Hence when glycol, which has an even higher 
viscosity, was used as the solvent, only microspheres with very limited 
porosity were obtained, as evidenced by the FESEM image of Figure 6.2g. 
Finally, a control experiment without the PVA surfactant in the solvothermal 
reaction was also carried out. The FESEM image in Figure 6.2h shows the 
presence of random aggregates between the microparticles, which is an 
indication of the criticality of PVA in the assembly of primary crystallites in 
the solvothermal reaction. 
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Figure 6.3 XRD patterns of MS-1, HMS, MS-2 and MS-3. 
 
Figure 6.3 shows the XRD patterns of four TiO2 microspheres with different 
microstructures and overall morphologies (MS-1, HMS, MS-2 and MS-3). All 
of the diffraction peaks could be indexed to anatase with I41/amd space group 
and tetragonal lattice structure. (ICDD# 00-001-0562) The mean crystallite 
size calculated from the (101) reflection by the Scherer equation was 7.6 nm 
for MS-1, 12.5 nm for HMS, and 16.4 nm for MS-2 and 24.7 nm for MS-3. 
The values are in general agreement with the TEM measurements. 
 
 






Figure 6.5 (a) Nitrogen sorption isotherms of HMS and MS-2; (b) 
corresponding pore size distributions of HMS and MS-2. 
 
The specific surface areas and pore size distributions of the mesoporous 
microspheres were determined from nitrogen gas adsorption and desorption 
isotherms. The standard multipoint BET method was used to calculate the 
specific surface areas. Pore size distributions were calculated from desorption 
and adsorption branches of the isotherm according to the 
Barrett-Joyner-Halenda (BJH) model. The results of these calculations are 
summarized in Table 6.1. The adsorption/desorption curves of MS-1 in Figure 
6.4 exhibit the characteristics of a type-IV isotherm with H2 type hysteresis 
loop typical of a highly mesoporous structure.203 BJH calculations for MS-1 
indicated the presence of well-developed mesoporosity and a bimodal pore 
size distribution centered at 5 and 7 nm. The combination of a large BET 
surface area (118.1 m2 g-1) and uniformly distributed mesopores can definitely 
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benefit electrolyte diffusion and facilitate Li+ transport. The smaller BET 
surface areas of MHS, MS-2, MS-3 could be attributed to two factors: 1) 
larger crystallite size of the nanoscale building blocks; and 2) decrease in 
porosity (pore volume and pore diameter).  
 









MS-1 4-8 0.22 118.1 
MHS 2-5 0.18 105.5 
MS-2 3-7 0.16 89.3 
MS-3 NA NA 32.7 
 
 
Figure 6.6 Electrochemical properties of the synthesized TiO2 microspheres. 
(a) Cycle stability of synthesized TiO2 microspheres at the 2C rate; (b) Rate 
performance of MS-1, HMS and MS-2; (c) Dependence of specific capacity 
on C-rate for MS-1, HMS and MS-2; (d) Discharge-charge profiles of MS-1. 
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The electrochemical performance of the synthesized TiO2 microspheres for 
reversible Li+ storage was systematically examined and compared in Figure 
6.6. It was found that the MS-1 electrode could deliver a first cycle discharge 
capacity of 252 mA h g-1 at the 2C rate (Figure 6.6a). This value is high by 
comparison with the Li+ storage capacity of bulk TiO2 according to the 
Li0.5TiO2 stoichiometry (theoretical capacity of TiO2 × mass fraction of TiO2 
in the electrode = 170×0.7 = 119 mA h g-1). Hence there were lithium storage 
sites other than the interstices of the anatase lattice. However, Li+ storage in 
some of these sites were not reversible and the discharge capacity decreased to 
185 mA h g-1 in the 2nd cycle. Cycle stability was observed from the 2nd cycle 
onwards and the MS-1 electrode could still deliver a capacity of 176 mA h g-1 
(95.1% of the 2nd cycle capacity) after 100 cycles of discharge and recharge. 
Similarly, HMS and MS-2 electrodes also displayed acceptable cycling 
performance delivering 152 mA h g-1 (84.6 % of the 2nd cycle capacity) and 
134 mA h g-1 (81.2 % of the 2nd cycle capacity) of capacity in the 100th cycle. 
On the contrary, significant irreversibility was noted in MS-3: coulombic 
efficiency lower than 95 % in the first 10 cycles and capacity decrease to 108 
mA h g-1 after 75 cycles. The lackluster cycling performance of MS-3 could be 
caused by the larger crystallite size (diminished nanoscale advantage) and 
small BET surface area (insufficient electrode-electrolyte contact and transport 
limitations for Li+). 
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The discharge-charge capacities of MS-1, HMS and MS-2 were also measured 
at different C-rates (Figure 6.6b). Clearly MS-1 had the best rate performance 
not only in terms of capacity retention up to 250 cycles but also in capacities 
deliverable at various rates: The MS-1 electrode was initially cycled at 0.5 C 
where capacity stabilized to 212 mA h g-1 after 50 cycles. The rate was then 
increased to 10 C and then decreased stepwise to 5 C, 1 C and 0.5 C. Stable 
capacities of 120 mA h g-1, 149 mA h g-1,187 mA h g-1 and 200 mA h g-1 were 
sustainable for 50 discharge-charge cycles at each of these rates.  
 
Figure 6.7 Discharge curves of the MS-1 electrode at different C-rates. (Data 
obtained from the 5th cycle) 
 
Figure 6.7 shows the discharge-voltage curves of MS-1 at different C rates. 
The plateau potential started to roll off steeply at high C-rates as the electrode 
polarization increased to compensate for the kinetic limitations in the Li 
insertion process.204 The rate performance of MS-1, HMS and MS-2 is 
summarily compared in Figure 6.6c. The difference between the capacity of 
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MS-1 and those of HMS and MS-2 was noticeably higher at higher current 
densities, again due to kinetic reasons.  
 
Figure 6.8 1st cycle discharge curves of MS-1, HMS and MS-2 at 0.2C. 
 
 
Figure 6.9 Discharge-charge curves of (a) HMS and (b) MS-2 electrodes. 
 
It is known that the insertion of lithium into anatase TiO2 causes the phase 
transition from tetragonal TiO2 (space group I41/amd) to orthorhombic 
Li0.5TiO2 (space group Imma).55,205 This was shown as voltage plateaus in the 
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discharge-charge curves (Figure 6.6d) of MS-1 in the 1.0-3.0 V window: 
~1.75 V for lithium insertion and ~1.95 V for lithium extraction. The 
discharge process could be divided into three regimes: A sharp, initial voltage 
drop from the open-circuit potential to the onset of the voltage plateau 
involving the insertion of a small amount of Li into anatase for the formation 
of a solid-solution up to the solubility limit of Li in anatase (region A).191 This 
process was followed by the random intercalation of Li+ into half of the vacant 
octahedral interstices of anatase (Ti4+ was converted to Ti3+) which resulted in 
a phase equilibrium between anatase (Li-poor phase) and Li0.5TiO2 (Li-rich 
phase) and the creation of the voltage plateau described earlier (region B). A 
sloping discharge curve developed after the Li rich phase was fully formed. 
This region corresponds most probably to the interfacial storage of lithium 
ions on the surface of anatase nanocrystallites by the so-called ‘job-sharing’ 
mechanism reported previously. This mechanism stipulates that lithium ions 
are stored in accessible interstitial sites on the surface of the nanocrystallites 
while electrons are stored in another phase, such as the carbon additive (region 
C).206,207 In the comparison of first cycle discharge-voltage curves in Figure 
6.8, the capacity stored in region C clearly increased with the increase in the 
surface area of the anatase microspheres. Therefore, it is believed that the 
higher rate capability of MS-1 owed a large part to the accommodation of 
lithium ions by the interfacial storage mechanism (region C), in which Li+ can 
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be stored and released faster than the kinetics of intercalation in the bulk 
(region B).191,208 The first cycle discharge and charge capacities of 296 mA h 
g-1 and 232 mA h g-1 respectively resulted in an ICL of about 21%. The ICL 
was possibly caused by irreversible trapping of Li+ at the structural defects of 
anatase or by side reactions with the liquid electrolyte made more significant 
by the large surface area of MS-1. Coulombic efficiency improved to 97% in 
the 2nd cycle and was nearly unity in subsequent cycles as shown by the 
excellent superimposability of the 2nd, 10th, 30th, 50th cycles of the 
discharge-charge curves in Figure 6.6d. This is indication of the structural 
integrity of MS-1. The discharge-charge curves of HMS and MS-2 were also 
similarly measured. The results in Figure 6.9 also showed very minor 
cycle-to-cycle variations in discharge and charge, reflecting the general 
stability of the microsphere construction towards cycling despite their smaller 
specific capacities due to differences in the elements of the construction. 
Based on the above discussion, the good cycling performance of MS-1 was 
definitely dependent on its unique architecture consisting of 1) nanoscale 
primary particles with facile electrode kinetics; 2) a mesoporous 
microstructure with good wetting of the electrolyte; 3) a large surface area 
supporting good electrode-electrolyte contact and fast interfacial storage of Li+; 
4) micron size particles with spherical morphology, which has been widely 
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reported for their good processability in terms of improving solubility and 
dispersibility. 191,209,210  
 
Figure 6.10 Nyquist plots of delithiate MS-1, HMS, MS-2 and MS-3 TiO2 
electrodes after 50 cycles of discharge and recharge at 0.5C. The frequency 
range used for the measurements was 100 kHz–0.01 Hz.  
 
EIS measurements were also conducted to gain additional insights into the 
good rate performance of MS-1 among the synthesized TiO2 microsphere 
electrodes. The Nyquist plots of the electrodes in Figure 6.10 all shared the 
common feature of a depressed semicircular arc in the mid to higher frequency 
range and a linear tail in the low frequency end. The diameters of the 
semicircular arcs decreased in the following order: MS-1<HMS <MS-2<MS-3. 
This finding suggests lowest overall charge transfer resistance and 
inter-particle contact resistance in MS-1. The inclined line in the 
low-frequency region was caused by the Warburg impedance (Zw) 
representing Li+ diffusion in the bulk of the material.163,211 The Warburg-like 
response of MS-1 exhibited the largest slope, which has been used to suggest 
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high Li+ mobility in the solid phase.212,178 These measurements corroborated 




In summary, we have synthesized a series of hierarchical TiO2 anatase 
microspheres by a facile solvothermal procedure. The effects of several 
experimental parameters were investigated such as the Ti precursor/Urea/H2O 
mole ratio, the solvent type and the role of PVA surfactant. The coupling of 
water and urea was particularly salient: water determined the rate of 
dissolution-recrystallization of anatase while urea contributed to the creation 
of mesoporosity. As a result, the microspheres could be tuned for controllable 
overall morphology and microstructures (primary crystallite size and 
mesoporosity). One resulting mesoporous microsphere structure (MS-1) 
consisting of fine 6-8 nm anatase nanocrystallites and uniformly distributed 
4-8 nm mesopores had the best combination of features for reversible Li+ 
storage: nanoscale primary building blocks, large surface area, well-developed 
mesopores, fast interfacial storage and an overall spherical morphology which 
increases the material tap density and processing convenience. 
Electrochemical measurements confirmed the expectations for good reversible 
Li+ storage performance, showing a large charge capacity of ~180 mA h g-1 
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upon 100 cycles at the low rate of 2C, remarkable rate performance (125 mA h 
g−1 at 10 C and 151 mA h g−1 at 5C) and long cycle life (250 cycles with very 
little capacity fading). It should be mentioned that the synthesized TiO2 
microspheres with large BET surface areas may find uses in other application 
















CHAPTER 7 CARBON-ENCAPSULATED 
F-DOPED Li4Ti5O12 AS AN EXTREME 
HIGH RATE ANODE MATERIAL FOR 
REVERSIBLE Li+ STORAGE 
 
7.1 Introduction 
Among the alternatives to the commercially available graphite anodes, spinel 
lithium titanium oxide (LTO) has drawn considerable interest because of its 
interesting Li+ storage properties. In the LTO spinel, Li atoms occupy all of 
the energetically favorable tetrahedral 8a sites. The 16d sites are shared by Li 
and Ti in the atomic ratio of 1:5 while the 32e sites are occupied by O atoms, 
as shown in Scheme 7.1a and the molecular formula [Li3]8a[Li1Ti5]16d[O12]32e. 
Full lithiation leads to the occupation of the octahedral 16c sites and the 
emptying of the tetrahedral 8a sites until the final composition is 
[Li6]16c[Li1Ti5]16d[O12]32e, or Li7Ti5O12 in short (Scheme 7.1b). Lithiation 
occurs at a relatively high potential (~1.55 V versus Li/Li+); delivering a 
theoretical specific capacity of 175 mA h g-1 and a safe battery 
operation.217,218,219 The end members of lithiation (Li4Ti5O12 and Li7Ti5O12) 
differ negligibly in lattice parameters (0.2%) and thus LTO is also termed as a 
“ zero strain” material.220,221,222 Although LTO in the lithiated state (Li7Ti5O12) 
is a good conductor, LTO in the un-lithiated state is electronically insulating 
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due to the presence of Ti4+ with empty 3d orbitals (electronic configuration 
[Ar]3d0) and a large band gap of ~2 eV.117,223 Research efforts in recent years 
are therefore directed at improving the conductivity deficiency of pristine LTO 
through composition modulations and nanoengineering of the LTO structure. 
 
Scheme 7.1 Structure of (a) spinel Li4Ti5O12 and (b) ordered rock-salt phase 
Li7Ti5O12. The polyhedra are [Li1/6Ti5/6]16dO6 units. Red dots in both (a) and (b) 
represent the 32e sites, blue dots in (a) represent the tetragonal 8a sites while 
purple dots in (b) represents the octahedral 16c sites. 
.  
Isovalent and aliovalent cation doping (e.g. Zr4+, V5+, V4+, Mn4+, Mo4+, Fe3+, 
Al3+, Ga3+) at the Ti4+ sites have been used in previous studies to increase the 
electronic conductivity of LTO.20,224,31,46,225,226 Recently, Qi et al. also found 
Br-doping at the O sites to be helpful for improving the electrochemical 
performance of LTO. An optimal composition of Li4Ti5O12−xBrx(x=0.2) was 
reported by the authors; improving the rate performance to a discharge 
capacity of 118 mA h g-1 at the 5C rate and 100 mA h g-1 at the 10 C rate.49,227 
These improvements are noteworthy but still insufficient for power-oriented 
applications. Other material improvement strategies include the morphology 
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control of nanostructures: using nanoscale primary particles to reduce the Li+ 
diffusion length in the solid state, assembly of primary nanoparticles into a 
dense packing to increase structure stability, high tap density and material 
processability; and the creation of porosity or hollow interior in the assembly 
for enhanced electrolyte percolation.12,58,228 For example, Lou et al. recently 
reported the synthesis of mesoporous LTO hollow spheres. Although a relative 
high rate performance of 104 mA h g−1 at 20 C was obtained, the silica 
templating method is rather onerous and time-consuming.81 Zhang et al. 
prepared porous microspheres of LTO nanoparticles by a simpler template-free 
hydrothermal method. Li+ transport in the material was however affected by 
microscale inhomogeneities and hence the rate performance of the electrode 
was lower (116 mA h g-1 at 10 C and 92.3 mA h g-1 at 20 C)229,230 Compositing 
LTO with a conducting material (carbon nanotubes, graphene nanosheets, Cu, 
Ag and etc) was another strategy to improve the kinetics of LTO 
electrodes.231,232,18,233,234  
 
In this chapter, we designed and fabricated carbon-encapsulated F-doped LTO 
composites (C-FLTO) by combining hydrothermal processing and a controlled 
solid state lithiation reaction. The composite synthesized with the optimal 
carbon content successfully integrated a number of original features: 1) A 
fluoride doping technique which partially substituted [O]32e with F in the LTO 
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spinel, which not only induce the formation of charge compensating Ti3+ 
(served as electron donors) to increase conductivity; but also improved the 
integrity of the LTO structure in discharge and charge cycling. 2) A ball-in-ball 
morphology that allowed for fast electrolyte percolation. 3) A nanoscale 
carbon encapsulation layer (~5.4 wt%) which electrically integrated the 
primary LTO nanoparticles with a very small capacity penalty. The carbon 
coating also acted as a barrier against the agglomeration of LTO nanoparticles 
during high temperature treatment in the preparation. Consequently 
electrochemical measurements recorded a very satisfying performance 
surpassing most of the reports in the literature: a large charge capacity (~158 
mA h g-1) with negligible capacity fading for 200 cycles at the 1C rate; 
extremely high rate capability (109 mA h g-1 at 30 C; 89 mA h g-1 at 60 C; and 
60 mA h g-1 at 140 C). Post-mortem analysis of the cycled electrode confirmed 
the contributions of F-doping in enhancing electrode kinetics and in imparting 
robustness to the structure of this particular design. 
 
7.2 Experimental Section  
7.2.1 Materials 
All chemicals were used as received without further purification. These 
chemicals were: titanium (IV) fluoride (TiF4, 99%), urea (H2NCONH2, 98%), 
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citric acid (HOC(COOH)(CH2COOH)2, 99%), lithium acetate dihydrate 
(LiAc.2H2O, 99.5%), lithium fluoride (LiF, 99.98%), metallic Li foil (99.9%), 
PVDF and NMP from Sigma-Aldrich; polyvinyl alcohol (PVA, MW=115000) 
from BDH Laboratory Supplies; D(+)-glucose monohydrate (C6H12O6.H2O) 
from Merck KGaA; Super P conductive carbon black (Super C65) from 
Timcal Ltd (provided free); and a formulated battery electrolyte from Hohsen 
Corp (1M LiPF6 solution in a 1:1:1 (v/v) mixture of EC, DEC and DMC). 
Ultrapure water (Millipore) with resistivity higher than 18.2 MΩ.cm was the 
solvent for hydrothermal processing.   
 
7.2.2 Materials Preparation 
TiO2 with tailorable morphologies were prepared by a hydrothermal reaction 
which was run for different lengths of time. In a typical synthesis, 200 mg 
TiF4 was dissolved in 30 mL water at room temperature. After 10 min of 
magnetic stirring, 200 mg PVA, 400 mg urea and 100 mg citric acid were 
added in sequence. The homogenized solution was transferred to a 50 mL 
Teflon-lined stainless steel autoclave; sealed and heated in an electric oven at 
160 °C for 2 h. The solid product from the hydrothermal reaction was 
recovered by centrifugation, washed with ethanol and water in turns, and 
vacuum dried at 100 °C for 6 h. The product obtained as such was mesoporous 
spherical aggregates of hydrated TiO2 nanoparticles and was designated as 
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TiO2-MS. When the hydrothermal reaction was prolonged to 6 h and 18 h 
while keeping all other preparation conditions the same, ball-in-ball structures 
(TiO2-BB) and hollow spheres (TiO2-HS) were produced respectively. 
 
200 mg of as-prepared TiO2-BB were mixed with LiAc.2H2O in a 5:4 mole 
ratio (the LTO stoichiometry). The mixture was ground in an agate mortar and 
dispersed in 10 mL ethanol under magnetic stirring to form Solution A. A 
calculated amount of LiF to provide Li:Ti = 1:1 in the final product was added 
to Solution A. Separately D(+)-glucose monohydrate in amounts 
corresponding to 5 wt %, 10 wt % and 20 wt % of TiO2 were dissolved in 5 
mL ethanol to constitute Solution B. Solution B was added dropwise to 
solution A with stirring, followed by slow evaporation at 80 °C to form a 
consistent slurry. The slurry was then heated in nitrogen at 800 °C for 6 h. The 
products formed as such with different carbon contents were designated as 
C-FLTO-1, C-FLTO-2 and C-FLTO-3 respectively. A composite 
corresponding to C-FLTO-2 but without any LiF in the preparation was also 
synthesized, and identified as C-LTO2. Two more composites were also 
produced by lowering the annealing temperature to 700 °C or 600 °C, and they 
were named as C-FLTO-700 and C-FLTO-600 respectively. When LiAc.2H2O 
was used in lieu of LiF in Solution A while keeping other parameters the same 
as those in the preparation of C-FLTO-2, the product so obtained was 
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designated as C-LTO2X. Specimens for post-mortem analysis were obtained 
as follows: the composite electrodes were cycled at 1 C for 50 cycles and then 
rested for 24 h. Anode materials were then removed from the current collector 
inside a glove box followed by washing with NMP and vacuum drying at 100 
°C for 12 h. 
7.2.3 Materials characterization 
A 10 kV JEOL JSM-6700F scanning electron microscope was used for 
FESEM. In-situ EDX analysis was performed during the FESEM session with 
a Horiba EMAX attachment analyzer. TEM, HR-TEM, and STEM images 
were taken on a JEOL JEM-2010F operating at 200 kV. STEM/EDX data was 
collected by an Oxford EDXS system and processed by the Inca software. 
XRD of the composites were recorded by a Bruker D8 ADVANCE 
Diffractometer using Cu Kα radiation. XPS was performed on a KRATOS 
AXIS Hsi spectrometer using Al K radiation. TGA in air was performed on a 
Shimadzu-DTG-60H where temperature was ramped from 40 to 700 °C at 10 
°C min-1.  
7.2.4 Electrochemical measurements 
The working electrode was fabricated by mixing 85 wt% composite, 5 wt% 
conductive additive (Super-P carbon black), and 10 wt% PVDF binder in 
NMP into a homogeneous slurry. The slurry was applied to a copper foil 
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current collector and vacuum dried at 120 °C for 12 h. Battery cell assembly 
was carried out in a re-circulating Ar glove box where the moisture and 
oxygen contents were below 1 ppm each. The test cells were discharged (Li+ 
insertion) and charged (Li+ extraction) galvanostatically at room temperature 
in the 1 V to 3 V voltage window at different C rates (1C = 175 mA h g-1) on a 
Neware BTS-610 battery tester. A µAutolab Type III 
potententiostat/galvanostat with FRA2 frequency analyzer and Nova 1.5 
software were used for EIS. Impedance was measured for electrodes in the 
fully delithiated state in the frequency range of 100 kHz to 0.1 Hz with a small 
perturbation of ±10 mV. 




Scheme 7.2 Schematic of the preparation of carbon-encapsulated F-doped 
LTO composites (C-FLTOs). 
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Scheme 7.3 Schematic illustrating the formation of TiO2-BB structure. Blue 
represents the hydrated TiO2 particles; red represents the outer shell of the 
TiO2 structure; and green represents the internal sphere of the TiO2 structure. 
 
Figure 7.1 (a) TEM image of TiO2-BB; (b) FESEEM images of C-FLTO-2 at 
low magnification; inset image in (b) TEM image of a single C-FLTO-2 
particle; (c) HRTEM image of C-FLTO-2; (d) High magnification STEM 
image and EDS line scan analysis of a C-FLTO-2 cross-section. (Purple, green, 






Figure 7.2 (a) TEM image of TiO2-MS obtained from 2 h hydrothermal 
reaction; (b) TEM image of TiO2-HS obtained from 16 h hydrothermal 
reaction; (c) TEM and HRTEM (inset) images of C-FLTO-1; (d) TEM image 
of C-FLTO-3; (e) HRTEM image of C-FLTO-3; (f) Low and high (inset) TEM 
images of C-LTO2X. 
A summary of the preparation of C-FLTOs is illustrated in Scheme 7.2. TiO2 
particles with a ball-in-ball morphology (TiO2-BB) were synthesized first and 
used as the titanium source in a subsequent solid state reaction. Microscopy 
characterization of TiO2-BB revealed diameters of 100-200 nm for the inner 
ball and ~ 400 nm for the outer ball which were formed from aggregates of 
primary nanocrystalline particles about 20-30 nm in size (Figure 7.1a and 
Figure 7.1a inset). A mechanism for the formation of the ball-in-ball 
morphology may be proposed after reviewing similar 
hydrothermally-synthesized systems in the literature and following the 
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evolution of morphology with time.170,196,197 In the early stages of the 
hydrothermal reaction (2h), mesoporous spherical aggregates of hydrated TiO2 
nanoparticles with limited crystallinity and an average diameter of ~ 300-400 
nm were formed from the hydrolysis of TiF4 (Figure 7.2a). The presence of 
cavity between shell and core regions could be attributed to 
diffusion-controlled dissolution and recrystallization of anatase TiO2 in a 
prolonged hydrothermal reaction, which is shown in Scheme 7.3 as Process II. 
The dissolution-recrystallization of TiO2 in hydrothermal synthesis has been 
reasonably well understood.170,196,197 Briefly, the dissolution and 
recrystallization of hydrated TiO2 began with the spherical surface region 
because of its accessibility to the reaction medium (water). Surface charge 
repulsion between recrystallized anatase nanocrystallites and the surface of 
undissolved hydrated TiO2 core debilitated the interface causing microvoids to 
be formed between them. Solvent permeation into the microvoids further 
fueled the dissolution-recrystallization process, expanding the microvoids into 
gaps between a recrystallized external region and the pristine internal 
region.197 Simultaneously the inner core was hollowed by Ostwald ripening 
(Scheme 7.3 (Process I)) where the metastable nanocrystallites in the core 
region (relatively low in crystallinity relative to those in the outer shell) 
dissolved and re-deposited on the outer sphere. This 
thermodynamically-driven ripening mechanism has been widely exploited to 
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fabricate hollow anatase nanospheres in several studies and it was also 
applicable in the current synthesis.198,235 When the hydrothermal treatment was 
extended to 16 h, Ostwald ripening dominated the morphology tailoring of 
TiO2; the inner sphere disappeared completely and the product was TiO2 
hollow spheres (TiO2-HS nanostructures, TEM image in Figure 7.2b). Thus, 
the TiO2-BB morphology was only formed at an intermediate reaction time (6 
h) when the diffusion-controlled dissolution-recrystallization process and the 
thermodynamically-driven Ostwald ripening process were comparable 
(Scheme 7.3 (Process III)).  
 
The TiO2-BB structure, used as the LTO precursor, was mixed with 
LiAc.2H2O, LiF and D(+)-glucose monohydrate in predetermined ratios into a 
homogeneous mixture, and heated at different temperatures to form various 
carbon/LTO composites. Among the composites, C-FLTO-2 had integrated 
the different structural features most optimally to deliver the best 
electrochemical performance. It was therefore selected for a detailed 
characterization. The FESEM image of C-FLTO-2 (Figure 7.1b) shows 
globular particles 300-400 nm in diameter. A closer examination of a 
representative particle (Figure 7.1b inset) shows the ball-in-ball construction 
with shell thickness of 40-60 nm for both inner and outer spheres, features 
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which were transferred from its parent titanium precursor (TiO2-BB). The 
HRTEM image of C-FLTO-2 in Figure 7.1c indicates the presence of a 3-4 nm 
carbon coating on the surface of nanosize LTO subunits. Well defined lattice 
fringes with a separation of 0.48 nm were found in the HRTEM image of the 
carbon-coated LTO nanocrystal, corresponding well with the spacing of the 
(111) planes in the LTO spinel (ICDD 00-049-0207). The STEM image of a 
representative C-FLTO-2 particle is given in Figure 7.1d; the EDS line-scan 
analysis (Figure 7.1d) across the particle diameter shows a quadrimodal 
spectrum of titanium intensity, which further confirms the ball-in-ball 
morphology of C-FLTO-2.  
 
Figure 7.3 XRD patterns of the carbon encapsulated LTO composites. (black 
arrows indicate diffraction peaks indexable to LTO, blue arrows indicate 
diffraction peaks indexable to rutile TiO2; cyan arrows indicate diffraction 
peaks indexable to anatase TiO2). 
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Figure 7.4 TGA curves of carbon encapsulated LTO composites with different 
carbon contents. 
 
C-FLTO-1 and C-FLTO-3, which were prepared with different carbon contents, 
were used together with C-FLTO-2 to measure the effects of carbon content on 
electrochemical performance. This was done by mixing the TiO2-BB precursor 
with different amounts of D(+)-glucose monohydrate (5 wt % and 20 wt % of 
the TiO2-BB precursor instead of the standard 10 wt %) in the preparation 
while keeping all other preparation parameters fixed. TGA of the 
carbon-encapsulated LTO composites (Figure 7.4) measured carbon contents 
of 2.03 wt%, 5.40 wt% and 10.49 wt % for C-FLTO-1, C-FLTO-2 and 
C-FLTO-3 respectively. The TEM image in Figure 7.2c shows that C-FLTO-1 
did not have the ball-in-ball morphology of its TiO2-BB precursor. Instead 
severe agglomeration of the nanoparticles occurred, suggesting that the 
amount of carbon coating was insufficient to preserve the ball-in-ball 
morphology of the precursor. On the other hand, C-FLTO-3 preserved the 
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unique ball-in-ball architecture through the use of excess glucose (Figure 7.2d 
and 7.2e). The thick carbon (~10 nm) may however reduce the capacity of the 
electrode.22,236  
 
All diffraction peaks in the XRD patterns of C-FLTO composites could be 
indexed to a cubic spinel structure from the Fd3m space group (ICDD# 
00-0026-1198). The mean crystallite size calculated from the (111) reflection 
by the Scherer equation was 67 nm for C-FLTO-1, 34.8 nm for C-FLTO-2 and 
30.4 nm for C-FLTO-3. This decreasing trend indicates that pyrolyzed carbon 
could effectively restrain interparticle agglomeration (C-FLTO-2 and 
C-FLTO-3) and kept the LTO subunits in the particle within the nanometer 
length scale. However, the incomplete carbon coating for C-FLTO-1 resulted 
in the growth of LTO particle size upon the high temperature synthesis. For the 
composite which was prepared without the additional Li source (LiF) in the 
solid state reaction (C-LTO2), peaks indexable to rutile TiO2 began to emerge 
in the XRD pattern (Figure 7.3). This is indication that without an adequate 
lithium supply, the leftover anatase would convert to the rutile phase at the 
high temperature used in the anatase-to-LTO conversion. On the other hand, 
when LiF was substituted by an equimolar amount of LiAc.2H2O in the 
preparation, phase-pure LTO with the ball-in-ball morphology (C-LTO2X) and 
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carbon encapsulation could be produced, as shown by the TEM images in 
Figure 7.2f and its inset; and the XRD pattern in Figure 7.3. It may be 
concluded from these observations that a stoichiometric excess of lithium must 
be used in the solid state conversion from TiO2 to LTO in order to compensate 
for lithium oxide volatilization at high temperatures.237,238 The effect of 
annealing temperature was also investigated. The XRD patterns of composites 
formed by heat treatment at 700 °C and 600 °C (C-FLTO-700 and 
C-FLTO-600 respectively) indicated the co-existence of anatase TiO2 and 
spinel LTO, suggesting incomplete phase transformation at these lower 
temperatures. A summary of the effects of key preparation variables on the 
phase identity and chemical composition of the composites may be found in 
Table 7.1. 
 
Table 7.1 Summaries of key preparation parameters, phase identity and 
chemical composition of carbon encapsulated LTO composites. 
Sample   Molar ratio  Glucose  








C-FLTO-1 5 4 1 5 % 800 LTO 
C-FLTO-2 5 4 1 10 % 800 LTO 
C-FLTO-3 5 4 1 20 % 800 LTO 








5 4 1 10 % 600 Anatase+ 
LTO 
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C-LTO2X 5 5 0 10 % 800 LTO 
 
Figure 7.5 (a) F 1s core-level XPS spectrum of C-FLTO-2. (b) Superposition 
of the normalized Ti 2p core spectra of C-FLTO-2 and C-LTO-2X, and the 
difference in their spectral features. 
 




The presence of substitutional fluoride doping and trivalent Ti in the C-FLTO 
composites was verified by XPS. Previous investigations have shown the 
importance of controlling the spatial distribution of anionic dopants when 
modifying the electrical properties of the LTO structure. The presence of 
anionic dopant as a surface adsorbed layer of dopant clearly would not help; 
neither would interstitial doping where anions in the interstice between 
adjacent [Li1/6Ti5/6]16dO6 octahedra are actually obstacles to Li+ diffusion.239,240 
The F 1s XPS spectrum of C-FLTO-2 Figure 7.5a has a peak at 684.9 eV 
suggesting the presence of Ti-F bonding after fluoride doping of the LTO 
structure. The absence of a peak at 686.4 eV, which is normally assigned to 
interstitial F atoms, confirms that doping occurred by fluorine substitution of 
edge-shared lattice [O]32e.241,242 The lack of F 1s core-level peaks in the XPS 
spectrum of C-FLTO-3 (Figure 7.6) was caused by the signal attenuation of a 
thick carbon layer, which was confirmed by the emergence of the Ti-F peak 
after argon ion-beam sputtering: The peak at ~ 684.8 eV increased in intensity 
after the carbon layer was progressively removed by 3 min and 5 min of argon 
ion sputtering. The high-resolution Ti 2p XPS core level XPS spectra of 
C-FLTO-2 and C-LTO2 are shown in Figure 7.5b. The two peaks centering at 
~464.7 and ~458.7 eV for C-LTO2X correspond well with the Ti 2p1/2 and Ti 
2p3/2 peaks of tetravalent Ti.243 In sharp contrast, a small negative shift was 
observed in the spectrum of C-FLTO-2, indicating a change in the Ti oxidation 
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state. The difference spectrum obtained by subtracting the normalized Ti 2p 
spectrum of C-LTO2X from C-FLTO-2 contained two positive peaks at ~463.2 
and ~457.6 eV attributable to the characteristic peaks of trivalent Ti; and two 
troughs at 464.9 and 458.9 eV attributable to the characteristics of tetravalent 
Ti 48,244. Taken together this suggests the creation of Ti3+ sites at the expense of 
Ti4+ in C-FLTO-2. EDX measured a F to O mole ratio of 1.2:100 for 
C-FLTO-2, based on which the molecular formula Li4Ti5O12-xFx(x=0.142) may 
be written. Hence 14.2 atom % of the fluorine in LiF could be introduced to 
the LTO lattice by solid state reaction. Correspondingly, it was calculated that 
2.84% of the total Ti atoms was generated to compensate for the charge 
imbalance when F- substituted for lattice O2-. The small amount of Ti3+ could 
however increase the electron conduction in LTO substantially structure 
significantly by the mechanism of mixed valence electron hopping, and 




Figure 7.7 (a) Cyclability of C-FLTO-1, C-FLTO-2, C-FLTO-3 and C-LTO2X 
at the 1 C rate; (b) Cycle stability of C-FLTO-2 at various C rates; (c) The 
discharge-charge curves of C-FLTO-2 and C-LTO2X electrodes at different C 
rates; (d) Nyquist plots of de-lithiated C-FLTO-2 and C-LTO2X electrodes 
after 50 cycles of discharge and recharge at 1C. The frequency range used for 
the measurements was 100 kHz–0.1 Hz. 
The integration of nanocrystalline subunits, ball-in-ball morphology, fluoride 
doping as well as a nanocarbon conducting network should lead to 
improvements in mixed conducting properties and therefore better 
performance in electrochemical applications. The electrochemical 
performance of carbon-coated F-LTO composites for reversible Li+ storage in 
Swagelok type Li half cells is shown in Figure 7.7. At the standard rate of 1C, 
the cyclability of C-FLTO-1 as shown in Figure 7.7a was rather poor. While 
the electrode delivered a first charge capacity of 151 mA h g-1, it decreased to 
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91 mA h g-1 after 100 discharge-charge cycles. This unsatisfactory cycling 
performance could probably be related to the large subunit size in 
agglomerated LTO nanocrystals and inadequate carbon coating resulting in 
suppressed electrode kinetics. C-FLTO-2 exhibited a higher capacity with 
substantially lower capacity fading in repeated cycling: the first cycle 
discharge capacity was as high as ~ 172 mA h g-1 (capacity was based on the 
mass of the electrode), which was higher than the maximum capacity of the 
electrode based on LTO alone (=theoretical capacity of LTO × mass fraction of 
composite in the electrode × mass fraction of LTO in the composite = 175 × 
0.85 × (1-5.4%) = 140 mA h g-1). Based on density functional theory 
calculations and experimental results from previous studies, the 
higher-than-theoretical capacity could be explained by the possible occupation 
of the 8a sites of nanosized LTO by Li+ when the storage limit at the 16c sites 
of the spinel structure was exceeded.58,54 The co-occupation of 8a and 16c 
sites in the surface region could benefit from the boundary effects of nanoscale 
materials with large specific surface areas; resulting in storage properties 
which are different from those of the bulk.246,247,32 A capacity of 166 mA h g-1 
was returned in the reverse charge process. Remarkable cycle stability was 
demonstrated from the 2nd cycle onwards: the C-FLTO-2 electrode could 
maintain a high charge capacity of 159 mA h g-1 (95.8% of the 1nd cycle) after 
200 cycles of discharge and recharge with high coulombic efficiency close to 
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100%. This considerable improvement (relative to C-FLTO-1) of the cycling 
performance could be attributed to two complementary factors: 1) the 
complete encapsulation of the LTO hollow structure with a percolating 
conductive network of carbon from the pyrolysis of D(+)-glucose 
monohydrate. 2) The pyrolyzed carbon matrix also insolated the nanoparticles 
so that the conversion of anatase TiO2 to LTO occurred independently in each 
nanoparticle. This not only preserved the unique architecture of the TiO2-BB 
precursor in C-FLTO-2, but also effectively suppressed the agglomeration of 
nanoscale LTO subunits during the high temperature treatment. These 
structural factors were apparently optimized in C-FLTO-2 resulting in 
significant enhancement of the electrode kinetics. The electrode based on 
C-FLTO-3, however, only delivered a charge capacity of 131 mA h g-1 at the 
end of the 100th cycle. The smaller capacity could be attributed to the decrease 
in the proportion of electrochemically active component (LTO) in the 
composite relative to C-FLTO-2. Hence the carbon content has to be optimized 
to balance the concurrent need for high active material content, electrical 
conductivity as well as Li+ diffusion. Large deviations form optimality would 
introduce compensatory effects between these factors. The cycling 
performance of C-LTO2X was also tested to shed light on the effect of 
fluorine doping. As shown in Figure 7.7a, the cycle stability of the 
fluorine-free C-LTO2X was inferior to C-FLTO-2; and the charge capacity 
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after 200 cycles was also lower (136 mA h g-1). Hence fluoride doping not also 
increased electrode kinetics to greater capacities, it also contributed to better 
cycle stability because of a more robust structure, as will be shown below.  
 
The discharge-charge capacities of C-FLTO-2 were also measured at different 
C rates (Figure 7.7b). A total of 175 cycles were used and the results indicated 
remarkable resilience in rate performance and capacity retention. The 
electrode was initially cycled at 1 C where charge capacity was 162 mA h g-1 
in the first 25 cycles. The rate was then increased stepwise to 5 C, 10 C, 30 C, 
60 C and 140 C in succession, and capacities of 144 mA h g-1, 123 mA h 
g-1,108 mA h g-1, 91 mA h g-1 and 60 mA h g-1 stable for 25 discharge-charge 
cycles at each of these rates were obtained. When the C-rate was finally 
returned to its initial value of 1 C after a total of 150 cycles, a charge capacity 
of 154 mA h g-1 was still avaiable and was at this value for the next 25 cycles 
with negligible losses. Such demonstration of excellent rate capability makes 




Figure 7.8 Dependence of capacity on C rate for C-FLTO-2 and C-LTO2X. 
 
Figure 7.7c shows the voltage-capacity profiles of C-FLTO-2 (F-containing) 
and C-LTO2X (non-F containing) electrodes cycled at different C rates in the 
1.0-3.0 V voltage window. (The plotted profiles were taken from the fifth 
cycle at each C rate) The decrease in capacity with the increase in C-rate is a 
natural material behavior, but the difference between the charge capacities of 
two electrodes was also magnified with the increase in the C-rate, as shown in 
Figure 7.8 (e.g. 10 mA h g-1 at 1 C, 19 mA h g-1 at 30 C and 29 mA h g-1 at 
140 C). This is indication that F-doping is particularly effective for improving 
the performance of LTO at high current densities.   
 
The increase in the rate capability of LTO by fluoride doping had to be due to 
some enhancements in the electrode kinetics, and EIS measurements were 
therefore used to provide the necessary evidence. The EIS measurements were 
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carried out on fully de-lithiated electrodes after 50 cycles of discharge and 
charge. Figure 7.7d shows the Nyquist plots of the electrodes and their 
modified Randles equivalent circuits., which share the common features of a 
purely resistive response at the high frequency end, followed by a semicircle 
in the high-to-middle frequency region, and an inclined straight line in the low 
frequency region.248 The intercepts on the Zre axis at the high frequency end 
converged to nearly the same spot because the same electrolyte was used in 
these measurements (Rs). The size of the semicircle is often used to measure 
the charge-transfer resistance (Rct) in the electrode reaction.48,249 Hence the 
smaller arc of the C-FLTO-2 electrode is an indication of an overall smaller 
charge transfer resistance and hence more facile charge transfer could occur at 
the electrode-electrolyte interface. The inclined line in the low-frequency 
region may be categorically attributed to the Warburg impedance (Zw) 
associated with Li+ diffusion in the bulk of the material. The Warburg-like 
response of C-FLTO-2 electrode exhibited a larger slope, which may be used 
to suggest a higher Li+ mobility in the solid compared with C-LTO2X.166,178,212 
Furthermore, an indicative “exchange current density” could also be calculated 
by the equation of i0 = RT/nFRct. In this way the fluoride doped C-FLTO-2 
electrode had nearly doubled the charge-transfer kinetics of F-free C-LTO2X 
electrode (i0 = 0.54 mA cm-2 versus 0.29 mA cm-2).  
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Figure 7.9 Post-mortem TEM images of (a) C-FLTO-2 and (b) C-LTO2X 
electrodes. 
 
TEM examination of C-FLTO-2 post mortem indicated robustness of the 
structure, with the ball-in-ball morphology still intact after 50 cycles at the 1C 
rate (Figure 7.9a). On the contrary the post mortem analysis of C-LTO2X 
revealed densely agglomerated spheres and the loss of internal cavity (Figure 
7.9b). Hence carbon coating alone was inadequate to stabilize the hollow host 
structure. It is hypothesized that the strong structural integrity of C-FLTO-2 
composite could be attributed to the following fluorine substitution effects: 1) 
the presence of a small degree of strong Ti-F bonding which stabilized the 
lattice structure;241 2) fluoride doping may have protected the LTO structure 
from corrosion by acidic species from the hydrolysis or decomposition of 
LiPF6, such as HF, PF5 and POF3 which are usually present in the 
electrolyte.250,251  
7.4 Conclusion 
In summary, the performance of LTO for reversible Li+ storage was improved 
 145 
by introducing fluoride doping of the LTO lattice, a ball-in-ball particle 
morphology, and nanoscale carbon encapsulation. The design rationally 
combined several factors important to electron and ion conduction in LTO for 
electrochemical activity enhancements: fluoride doping to create Ti3+/Ti4+ 
mixed valence conduction, hollow nanostructures to facilitate electrolyte 
percolation, nanocrystalline subunits to reduce the solid state diffusion length 
of Li+ and electrons, and a nanocarbon coating to reduce the interparticle 
electrical resistance. The balance of these complementary effects was 
optimized in the C-FLTO-2 composite, which delivered a high charge capacity 
(158 mA g-1) and good cyclability at the standard rate (1C) and an extremely 
durable high-rate capability up to 140C (108 mA h g-1 at 30C, 91 mA h g-1 at 
60C and 60 mA h g-1at 140C). These findings indicate fluoride doping as a 
low cost and effective alternative to aliovalent cationic doping of LTO. They 
also emphasize the need for several strategies (e.g. nanoscale and morphology 
engineering, composition modulations, mixed valence conduction, and etc) 







CHAPTER 8 Fe-DOPED MnxOy WITH 
HIERARCHICAL POROSITY AS A 




Manganese oxides (MnxOy) such as Mn2O3 and Mn3O4 are other good 
prospects for the conversion reaction because their natural abundance, 
environmental benignity and relatively low electrode potentials for Li+ 
insertion and extraction, are significant strengths.252 However, similar to all 3d 
transition metal oxides, bulk manganese oxides lack adequate electrochemical 
activity and reversibility (cycle life) to be used for batteries.253 Although 
manganese oxides have been rendered as Mn3O4 particles,254 nanocrystalline 
MnO thin films,255 interconnected MnxOy nanowires,256 and hierarchical 
mesoporous Mn2O3 nanostructures,257 rate capability and cycle life are still far 
from satisfactory because of a very low electrical conductivity (~ 10-7 to 10-8 S 
cm-1) and large volume excursions in cycling. Compositing nanostructured 
MnxOy with an electrically conductive matrix has recently been introduced as 
a mitigation method by several groups. For example Wang et al. prepared 
interspersed amorphous MnxOy/carbon nanocomposites by a spray pyrolysis 
method. Although the as-synthesized composite had good capacity retention 
The content of this chapter has been published in  
Adv. Mater, 2013, DOI:10.1002/adma.201301906. 
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up to 200 cycles, the very high carbon content required for the composite (61 
wt%) diminished the significance of this material in practice.258 Dai et al. 
developed a Mn3O4-graphene hybrid through a two-step solution-chemistry 
method and reported a Li+ storage capacity of 390 mA h g-1 at 1600 mA g-1.259 
However, the elaborate preparative procedures and the use of a more 
expensive form of carbon (graphene) negated the cost advantage of manganese 
oxides. Noticeable capacity fading was also discovered at high current density 
(1600 mA g-1) even though the composite cycled well at low current densities. 
 
An alternative approach to designing and constructing 3d manganese oxides 
with mixed-conducting properties is shown in this study: Fe-doped MnxOy 
with connected macropores and mesopores to provide a hierarchical porosity 
was produced by a facile and scalable nanocasting technique followed by 
controlled calcination, using a amine-functionalized bromomethylated poly 
(2,6-dimethyl-1,4-phenylene oxide) (BPPO) membrane as the sacrificial 
template. The macropores in the final product were mainly formed by the 
reverse-replication of the membrane porous structure, and interconnecting one 
another through branches in the pore system. The macropores cushioned the 
volume change in the conversion reaction during cycling, and also acted as 
reservoirs and thoroughfares to improve Li+ transport in the electrolyte phase. 
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The mesopores between nanocrystalline primary particles were formed upon 
heat treatment; and provided the large interfacial contact between electrolyte 
and electrode material to support a high Li+ flux across the solid-liquid 
interface. The selection of iron as a dopant was intentional: The redox 
potential of iron (1.0 V for discharge/1.7 V for charge) is higher than that of 
manganese (0.5 V for discharge/1.2 V for charge).260 Hence the evenly 
distributed iron could remain in the zero valent state during a large part of 
MnxOy conversion reaction, serving conceptually the dual function of 1) 
electrical wiring of the electroactive material to lower the resistance to 
electron transport, 2) promoting ionic conduction by creating narrowly spaced 
interfaces at the oxide grain boundary. The experimental results verified the 
anticipated advantages of the design: The best performing composite 
combined good capacity retention and high rate capability with long cycle life, 
delivering a capacity of ~ 400 mA h g-1 at 1500 mA g-1 stable for 900 cycles. 
Moreover, the nanocasting technique using amine-functionalized BPPO 
membrane sacrificial templates with uniform macropores is generic, and can 
be used for the fabrication of other oxide frameworks with three-dimensional 
connected macropores and mesopores. This could provide the means to 
improve and re-evaluate 3d metal oxides for reversible Li+ storage. 
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8.2 Experimental section 
8.2.1 Materials 
All chemicals were used as received without further purification. Iron (III) 
nitrate nonahydrate (Fe(NO3)3.9H2O, 98%), diethanolamine 
((HOCH2CH2)2NH, 99%), metallic Li foil (99.9%), PVDF and NMP were 
purchased from Sigma-Aldrich. Manganese (II) nitrate tetrahydrate 
(Mn(NO3)2.4H2O, >97%) was supplied by Fluka Chemika. Polyvinyl alcohol 
(MW=115000) from BDH Laboratory Supplies and toluene (C7H8, >99.5%) 
from Merck were also used. Super P conductive carbon black (Super C65) was 
provided free by Timcal Ltd. BPPO membrane was obtained from Tianwei 
Membrane Corporation Ltd of Shandong. Lithium ion battery electrolyte was 
supplied by the Hohsen Corp. Ultrapure water (Millipore) with resistivity 
greater than 18.2 MΩ.cm was used as the primary solvent throughout. 
8.2.2 Materials preparation 
Functionalized BPPO membranes were prepared by the following procedure: 
250 mg BPPO membrane was dissolved in toluene in a two-neck 
round-bottom flask. 143.8 μL diethanolamine was added dropwise to the 
BPPO solution at 35 ◦C over a period of 5 h under constant magnetic stirring. 
The solution was then diluted with toluene (1 mL toluene for every 50 mg of 
BPPO) and cast onto clean glass petri dishes to prepare films approximately 
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300 µm in thickness. The petri dishes were then placed in a moist and 
well-ventilated atmosphere for 24 h. The resulting films were removed by 
soaking in ultrapure water for 5 minutes and then drying at 80oC for 4 h.  
 
0.05g PVA was dissolved in 5 mL 1 M Mn(NO)3.4H2O aqueous solution 
under constant magnetic stirring. Calculated amounts of Fe(NO3)3.9H2O (0%, 
1%, 3%, 7% or 15% of the number of moles of Mn(NO3)2.4H2O) were then 
added to complete the preparation of the precursor solutions. Functionalized 
BPPO membranes were equilibrated in these solutions at 30 ◦C for 24 h. The 
precursor-solution-impregnated membranes were then removed, rinsed with 
deionized water and dried in vacuum at 120 ◦C for 10 minutes. The 
membranes were heated from ambient temperature to 450 ◦C at 3 ◦C min-1 and 
then kept at 450 ◦C for 2 h. The calcined products were designated as 
Fe-doped MnxOy-0, Fe-doped MnxOy-1, Fe-doped MnxOy-2, Fe-doped 
MnxOy-3 and Fe-doped MnxOy-4 in order of increasing Fe content.  
8.2.3 Materials Characterization 
FESEM, TEM, XRD, FTIR, BET characterizations were conducted at the 
identical conditions as described in Chapter 3. In-situ EDX analysis was 
performed during the FESEM session with a Horiba EMAX attachment 
analyzer.  
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8.2.4 Electrochemical measurements  
The working electrode was fabricated by mixing 70 wt% composite, 15 wt% 
conducting additive (Super-P carbon black), and 15 wt% PVDF binder in 
NMP into a homogeneous slurry. The slurry was applied uniformly to a 
copper foil current collector and vacuum dried at 120 °C for 12 h. A lithium 
metal foil counter electrode and an electrolyte of 1M LiPF6 solution in a 50:50 
v/v mixture of EC and DEC were used to complete the test cell construction. 
The test cells were discharged (Li+ insertion) and charged (Li+ extraction) 
galvanostatically at room temperature in the 10 mV to 3 V voltage window at 
different current densities on a Maccor series 2000 battery tester. EIS was 
performed on an AutoLab FRA2 type III electrochemical system. AC 
impedance measurements were carried out in the 100 kHz to 0.1 Hz frequency 
range using a small perturbation of ±10 mV. 








Figure 8.1 (a) Schematic illustration of the breath figure method. (b) Top view 
and (c) cross-sectional view SEM images of the amine-functionalized BPPO 
membrane. 
 
Figure 8.2 (a) Top view and (b) cross-sectional view SEM images of the 
BPPO membrane. 
 
The BPPO membrane was functionalized by the reaction between the 
bromomethyl groups in BPPO and the secondary amine group of 
diethanolamine (Scheme 8.1). The functionalization hydroxylated the BPPO 
surface to increase the membrane hydrophilicity. The breath figure method 
could then be applied to create macropores in the membrane (Figure 8.1a), the 
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process of which could be understood as follows: the evaporation of the 
solvent (toluene) resulted in the cooling of the local (moist) atmosphere; the 
water droplets formed from water condensation at the toluene/air interface 
penetrated into the interior of the toluene solution because of their higher 
density than toluene.261,262 This resulted in the formation of a 
micro-heterogeneous two-phase solution where the hydrophobic aromatic 
groups of functionalized BPPO withdrew to the toluene phase and the 
hydrophilic hydroxyl groups oriented towards the water droplets.263 As the 
evaporation of toluene continued, a three-dimensionally connected 
macroporous network of solid polymer was progressively formed with an 
abundance of hydroxyl groups on the surface of its pores.  
 
The microstructure of the functionalized membrane was characterized by 
microscopy and spectroscopic techniques. Compared with the pristine BPPO 
membrane (Figure 8.2a and 8.2b), the top view (Figure 8.1b) and 
cross-sectional view (Figure 8.1c) SEM images of the functionalized BPPO 
membrane clearly show three dimensionally connected macropores with 
diameters around 1μm. The imparted porosity increased the membrane surface 
area accessible to the metal precursor solution; and hence a higher yield of 
product could be obtained when the membrane was used to template the metal 
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oxide synthesis. The FT-IR spectrum of the functionalized BPPO membrane 
in Figure 8.3 is similar to the spectrum of pristine BPPO except for a broad 
feature at ~3500 cm-1 (red arrow) that corresponds well with the O-H stretches 
of primary alcohols. This is an indication of the successful displacement of the 
bromide group in BPPO by diethanolamine. 
 






Figure 8.4 (a) Schematic illustration of the preparation of hierarchical 
macro/mesoporous metal oxide structures; (b) FESEM images at low and high 
magnifications (inset) of Fe-doped MnxOy-2; (c) TEM images at low and high 
magnifications (inset) of Fe-doped MnxOy-2; (d) SEM image of Fe-doped 
MnxOy-2 and EDX element maps of Mn, Fe, and O; (e) Nitrogen 
adsorption-desorption isotherms of Fe-doped MnxOy-2 and corresponding pore 
size distribution (inset). 
 
The formation of the metal oxide structure with hierarchical porous network is 
illustrated schematically in Figure 8.4a. In brief, metal ions were anchored to 
the hydroxyl groups of the functionalized BPPO membrane, forming “metal 
hydroxides” in a hydrocarbon matrix. During the ensuing calcination process, 
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the metal hydroxides were converted to metal oxides accompanied by the 
oxidative decomposition of the membrane template. The macropores in the 
resulting metal oxide were approximately the reverse replication of the porous 
structure of functionalized BPPO whereas the mesopores in the “solid” oxide 
phase were formed by the coupled factors: 1) lattice shrinkage due to the 
thermal dehydration of metal hydroxides;264 2) gas released from the thermal 
decomposition of the polymer template and precursor anions (NO3-).265,266 A 
number of Fe-doped manganese oxides were produced for this study: they 
were Fe-doped MnxOy-0, Fe-doped MnxOy-1, Fe-doped MnxOy-2, Fe-doped 
MnxOy-3 and Fe-doped MnxOy-4 with increasing amount of the Fe dopant 
(molar ratios of Fe(NO3)3.9H2O/Mn(NO3)2.4H2O in the precursor solutions 
were 0, 0.01, 0.03, 0.07 and 0.15 respectively). The FESEM images of 
Fe-doped MnxOy-2 at different magnifications, shown here as an example, 
revealed a three-dimensional lamellar structure with interconnected 
macropores (Figure 8.4b). TEM images of the edge of the structure exposed 
some evenly distributed slit-shaped mesopores (Figure 8.4c). The EDX 
element maps of Fe-doped MnxOy-2 (Figure 8.4d) show superimposable Mn, 
Fe and O signals, indicating the uniform dispersion of Fe in the manganese 
oxide nanoparticles. Figure 8.4e is the nitrogen adsorption and desorption 
isotherms of Fe-doped MnxOy-2 displaying a classical type II isotherm with 
type H3 hysteresis with no adsorption limit at high p/p0.267 This behavior 
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confirms the presence of mesoporosity due to an assemblage of slit-shaped 
mesopores in the macroporous structure.203,257 In principle isotherms of this 
type could not provide a reliable estimate of the pore size distribution. 
Nonetheless the broad pore size distribution centering at ~15 nm (Figure 8.4e, 
inset) based on the BJH calculation of desorption data agrees rather well with 
the direct TEM measurements in Figure 8.4c inset. The presence of 
mesoporosity resulted in a large BET surface (120.45 m2 g-1) and pore volume 
(0.56 cm3 g-1) for the Fe-doped MnxOy-2 composite. The increased interfacial 
contact between electrolyte and electrode material was useful for the 
sustenance of a high Li+ flux across the solid-liquid interface. On the other 
hand, the small width of the hysteresis loop is characteristic of a macro-scale 
interconnected porous structure. The macropores are effective in cushioning 
the volume excursion in the conversion reaction, and for reducing the 
diffusion limitations in purely micro-/mesoporous materials. 
 
Table 8.1 EDX analysis of Fe:Mn molar ratios in macro/mesoporous 
manganese oxides with different amounts of iron dopant.  
 
Designation Precursors in 
mixed solvent 
Molar ratio of  
Fe:Mn in the 
precursor solution 
Molar percentage of 







Fe-MnxOy-1 5 mL  50 uL 1:100 2.5 % 
Fe-MnxOy-2 5 mL 150 uL 3:100 5.8 % 
Fe-MnxOy-3 5 mL 350 uL 7:100 13.2 % 





Figure 8.5 (a) XRD patterns of the Fe-doped manganese oxides (black arrows 
indicate diffraction peaks indexable to α-Mn2O3, green arrows indicate 
diffraction peaks indexable to Mn3O4; red arrows indicate diffraction peaks 
indexable to α-Fe2O3; (b) XPS spectra in the Mn 2p region for Fe-doped 




Figure 8.6 FESEM and TEM (inset) images of (a) Fe-doped MnxOy-0, (b) 
Fe-doped MnxOy-1, (c) Fe-doped MnxOy-3, (d) Fe-doped MnxOy-4. 
 
By varying the mole ratio of Fe/Mn in the precursor solution, 
macro/mesoporous manganese oxides doped with different amounts of iron 
could be readily produced. As summarized in Table 8.1, EDX analysis 
confirmed the molar percents of iron doping of 2.5 %, 5.8 %, 13.2 % and 
27.8 % for Fe-doped MnxOy-1, Fe-doped MnxOy-2, Fe-doped MnxOy-3 and 
Fe-doped MnxOy-4 respectively. From the XRD patterns in Figure 8.5a, all of 
the diffraction peaks of Fe-free MnxOy-0 could be indexed to cubic bixbyite 
structure of α-Mn2O3 (ICCD 00-002-0909). With Fe doping and an increasing 
amount of it, the diffraction peaks of a new phase gradually appeared which 
were marked by the green arrows in Figure. 8.5a. All these peaks are readily 
indexed to the body-centered tetragonal Mn3O4 with I41/amd space group 
(ICDD 00-001-1127). This phase transformation to Mn3O4 is probably due to 
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the combined effect of dopant-induced lattice distortion and the Jahn-Teller 
effect of trivalent manganese in α-Mn2O3.268,269  As-synthesized composites 
such as Fe-doped MnxOy-1, Fe-doped MnxOy-2 and Fe-doped MnxOy-3 
therefore existed as mixed manganese oxides, in which Fe was completely 
dissolved in the manganese oxide lattice since no diffraction peaks from iron 
oxides were present. The diffraction peaks of α-Fe2O3 (ICCD 00-001-1053) 
did appear in Fe-doped MnxOy-4 when the amount of iron doping likely 
exceeded the solubility limit of iron in manganese oxides and phase separation 
to a mixture of iron oxide and manganese oxides occurred. Figure 8.5b and 
8.5c are the XPS spectra of homogenous Fe-doped MnxOy which were used 
for the analysis of surface composition and metal oxidation states. The Mn 
2P3/2 and 2P1/2 peaks at ~641.5 eV and ~653.1 eV and the spin-orbital splitting 
(11.6 eV) in the Mn 2P core suggest the possible co-presence of divalent and 
trivalent manganese since the 2P peaks of these two manganese ions are 
indistinguishable.270 The presence of a satellite feature (at binding energy 
~718.5 eV) between the Fe 2P3/2 (~710.8 eV) and 2P1/2 (~724.6 eV) peaks in 
the Fe 2p XPS spectra indicates that Fe was in the trivalent state.146 Due to 
similar ionic radii of Fe3+ and Mn3+, the iron atoms were probably substituted 
at the Mn sites in cubic bixbyite α-Mn2O3 or at the octahedral Mn sites in 
tetragonal spinel Mn3O4.271,272 The relative intensities of Mn 2p and Fe 2p 
peaks of these iron-doped manganese oxides agree well with the Fe/Mn ratios 
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summarized in Table 8.1. The concurrence of surface and bulk compositions 
suggests a highly uniform structure throughout. FESEM and TEM images 
taken at different magnifications (Figure 8.6) showed that all of the Fe-doped 
manganese oxides had a similar macroporous structure. The packing of 
nanocrystallite building blocks was however more compact with the increase 
of Fe doping. Consequently there was a gradual decrease in mesoporosity 
from Fe-doped MnxOy-1 to Fe-doped MnxOy-4. 
 
Figure 8.7 (a) The 1st and 2nd discharge-charge curves of Fe-doped MnxOy-2 
electrode; (b) Cycle stability of Fe-doped MnxOy-0, Fe-doped MnxOy-1, 
Fe-doped MnxOy-2, Fe-doped MnxOy-3 and Fe-doped MnxOy-4 measured at 
200 mA g-1; (c) Cycling stability of Fe-doped MnxOy-2 at different current 
densities; (d) Long-term cycling performance of Fe-doped MnxOy-2 at a high 
current density of 1500 mA g-1. 
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The electrochemical performance of these Fe-doped manganese oxides for 
reversible Li+ storage was examined and compared in Figure 8.7. 
Discharge-charge measurements were first taken in the 10 mV to 3.0 V 
(versus Li) potential window at a current density of 200 mA g-1 for 100 cycles. 
The first cycle discharge curve in Figure 8.7a exhibits the typical characteristic 
of a multi-step discharge process: 1) The voltage drop from ~0.9 V to the 
onset of the voltage plateau at ~0.25 V can be attributed to the combined 
effect of SEI formation and the electrochemical reduction of MnxOy to MnO 
(described by Equation (1) as 2(y-x) Li+ +MnxOy + 2e- ↔ xMnO + (y-x)Li2O ). 
2) The long voltage plateau at 0.25V corresponds well with the further 
reduction of Mn2+ to Mn0 (described by Equation (2) as MnO + 2Li+ + 2e- ↔ 
Li2O + Mn ).259 For the first charge curve, the sloping plateau at the voltage 
between 1.1 and 1.3 V is generally an indication of the re-oxidation of Mn0 to 
MnO. The discharge plateau was up-shifted by 0.55 V from the second cycle 
onwards, suggesting a more facile electrochemical reduction of MnO to Mn 
after the first cycle.257 SEI formation and the structural transformation of 
MnxOy to MnO by Equation (1) are irreversible processes that consume Li+. 
Hence the coulombic efficiency was low in the first cycle, at 58.9 %.153 It 
improved to 95.0% in the second cycle and kept nearly 100% in subsequent 
cycles where the MnO started to dominate the reversible electrochemical 
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process of Li+ storage from second cycle onwards, as depicted by the 
conversion reaction of Equation (2).  
 
Figure 8.7b compares the electrochemical performance of macro/mesoporous 
manganese oxides with and without iron doping. Among them the Fe-doped 
MnxOy-2 electrode had the best performance, delivering the highest capacity 
of 620 mA h g-1 after 100 cycles of discharge and recharge. By comparison 
manganese oxide electrodes with no (Fe-doped MnxOy-0) or low iron doping 
(Fe-doped MnxOy-1) could only provide moderate discharge capacities of 473 
mA h g-1 and 538 mA h g-1 respectively after 50 cycles. Hence the reversibility 
of manganese oxides as a Li+ storage host could be improved by Fe-doping. 
However, the extent of Fe-doping needs to be carefully controlled as an excess 
of it could also lower the discharge capacity in extended cycling. In the case of 
Fe-doped MnxOy-3, the mesopores were constricted by a more compact 
packing of the primary nanocrystallites, decreasing the accessibility of 
electrolyte to electroactive manganese oxide as a result. Fe-doped MnxOy-4 
with a segregated hematite phase exhibited an even more depressed 
mesoporosity and thus a lackluster cycling performance: a discharge capacity 
below 300 mA h g-1 after 28 repeated cycles. These results indicate the 
importance of a moderate level of iron doping to balance its effects on 
interfacial charge transfer and the structural integrity of the mesopores. The 
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departure from a proper balance would inevitably incur a compensatory 
outcome between these two effects. In our experiment Fe-doped MnxOy-2 was 
the closest to the sweet spot. 
 
Figure 8.8 Dependence of the capacity on current density for Fe-doped 
MnxOy-0, Fe-doped MnxOy-1, Fe-doped MnxOy-2, Fe-doped MnxOy-3 and 
Fe-doped MnxOy-4 composites. (Data obtained from the 10th cycle) 
 
The Fe-doped MnxOy-2 electrode also delivered an impressive rate 
performance, as shown in Figure 8.7c. Good cycle stability of the electrode 
was maintained even if the current densities increased to 1600 mA g-1. Initially 
the electrode was cycled at 400 mA g-1 where the capacity stabilized to 548 
mA h g-1 after 25 cycles. Then the current density was increased in a stepwise 
manner for every subsequent 25 discharge–recharge cycles. Even at a current 
density as high as 1600 mA g-1, a specific capacity of 409 mA h g-1, i.e. was 
still realizable. The current density was then returned to 1200 mA g-1, 800 mA 
g-1 and 400 mA g-1 in steps; and stable capacities of 454 mA h g-1, 486 mA h 
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g-1 and 520 mA h g-1 respectively were recoverable at these current densities 
for 25 cycles each. The rate performance of Fe-doped MnxOy-0, Fe-doped 
MnxOy-1, Fe-doped MnxOy-2, Fe-doped MnxOy-3 and Fe-doped MnxOy-4 
composites are summarily compared in Figure 8.8. The capacity difference 
between the Fe-doped MnxOy-2 and Fe-free Fe-doped MnxOy-0 composite (or 
the Fe-doped MnxOy-1 composite with inadequate Fe doping) was noticeably 
larger with the increase of current density, indicating the improvements in 
electrode kinetics brought about by iron doping. The lackluster rate 
performance of Fe-doped MnxOy-3 and Fe-doped MnxOy-4 composites with 
excessive Fe doping could be attributed to the reduced mesoporosity at these 
compositions, which increased the resistance in electorlyte diffusion. The 
long-term cyclability of the Fe-doped MnxOy-2 electrode was also measured at 
the high current density of 1500 mA g-1. The results showed the stabilization 
of the charge capacity to 430 mA h g-1 after 20 cycles and good cycling 
performance thereafter: A capacity as high as 397 mA h g-1 was still 
retrievable after 900 cycles (Figure 8.7d). To the best of our knowledge, this is 
one of the best performing manganese oxide anodes reported to date in terms 
of high rate performance and cycle life. 
 166 
 
Figure 8.9 (a) The 1st discharge-charge curve of Fe-doped MnxOy-2 electrode 
with blue circles marking the potential regions of interest; (b) Ex-situ Fe 2p 
XPS spectra of Fe-doped MnxOy-2 sampled at the selected discharge and 
charge potentials. (The red dotted lines show the positions of the Fe 2p peaks 
for trivalent iron in Fe2O3; the green dotted lines show the Fe 2p peaks of 
zero-valent iron; the blue dotted lines are the Fe 2p peaks of iron (III) fluoride. 
 
Table 8.2 XPS analysis of the oxidation states of iron species in the Fe-doped 






Cycle status Binding energy of 





Stage 1 1.2 Discharge 711.0 +3 
Stage 2 0.6 Discharge 708.3 0 
Stage 3 1.3 Charge 708.4 0 
Stage 4 2.3 Charge 710.9 +3 
 
The good performance of Fe-doped MnxOy-2 could be attributed to the 
synergy of an optimal level of iron doping and a connected network of 
macropores and mesopores that supports concurrent effective transport of 
electrons and ions. The iron dopant contributed to the reversible Li+ storage in 
manganese oxide in the following ways: 1) increase in the electrical 
conductivity of the electrode due to a combination of physical and 
electrochemical properties unique to Fe: The electrical conductivity of iron is 
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1.0×107 S/m at room temperature (20 °C) which is more than one order of 
magnitude higher than that of manganese (6.9×105 S/m at 20 °C). The 
reduction of Fe3+ to their metallic state occurred early in the discharge process, 
at potentials ~ 0.8 V while the re-oxidation of iron occurred late in the charge 
process, in the potential region of 1.7 V to 2.1 V. Hence Fe could be present as 
dispersed zero-valent iron nanoparticles throughout the reduction/re-oxidation 
of manganese oxide (between ~0.55 V and 1.1~1.3 V), as shown by the results 
of ex-situ XPS characterization in Figure 8.9 and Table 8.2. The presence of 
metallic Fe could electrically integrate the manganese oxide particles better to 
provide a kinetic boost. 2) The presence of Fe particles as a separate phase 
also increased the grain-boundary density allowing for a more effective Li+ 
transport along the narrowly-spaced interface.273-275 On the other hand, 
hierarchical porosity based on the close integration of macropores and 
mesopores could provide the following benefits: 1) the three-dimensionally 
connected network of macropores served as an electrolyte reservoir, reduced 
mass transfer limitations through effective electrolyte infiltration, and 
accommodated the volume excursion in discharge and charge reactions; 2) the 
uniformly-distributed mesopores increased the number of interfacial contacts 
where charge transfer from and to the electrolyte could occur and hence a 
higher Li+ flux across the electrode-electrolyte interface was made possible.  
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Figure 8.10 Nyquist plots of Fe-doped MnxOy-0 and Fe-doped MnxOy-2 
electrodes charged to 1.3 V in the first cycle at the current density of 200 mA 
g-1.  
 
Figure 8.11 Nyquist plots of Fe-doped MnxOy-0 and Fe-doped MnxOy-2 
electrodes after 25 cycles of discharge and recharge at the current density of 
200 mA g-1and their Randles equivalent circuit shown in the inset.  
 
EIS measurements were also conducted to provide further information on the 
effect of iron doping on electrode kinetics. The Nyquist plots of Fe-doped 
MnxOy-0 and Fe-doped MnxOy-2 electrodes charged to 1.3 V in the first cycle 
are compared in Figure 8.10. At this potential Mn re-oxidation was almost 
complete while iron could still remain in the zero-valent state (Table 8.2). The 
electrode kinetics is expected to be most sensitive to an external stimulus (e.g. 
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the presence of zero-valent iron). The size of the semicircular arcs indicating 
the charge transfer resistance (Rct) in the electrode reaction was clearly smaller 
for the Fe-doped MnxOy-2 electrode, confirming the contributions of a small 
amount of metallic Fe in reducing charge-transfer resistance. Figure 8.11 also 
shows the Nyquist plots of Fe-doped MnxOy-0 and Fe-doped MnxOy-2 
electrodes in the fully delithiated state after 25 cycles. The high-frequency 
ends of the plots intercepted the Z’ axis at nearly the same spot because of 
similar electrolyte resistance (Rs). The smaller semicircular arc of the 
Fe-doped MnxOy-2 electrode is an indication of much facile charge transfer at 
the electrode/electrolyte interface and consequently, a decreased overall 
internal resistance for the electrode. The inclined line in the low-frequency 
region may be attributed to the Warburg impedance (Zw) related to Li+ 
diffusion in the solid-state. The greater slope in the Warburg-like response of 
Fe-doped MnxOy-2 electrode indicates a more facile diffusion of Li+ in the 
electroactive manganese oxide.205,234 The EIS measurements therefore 
corroborated the effective electronic and ionic wiring of Fe-doped MnxOy-2 
for the conversion reaction.  
 
8.4 Conclusion 
In summary, using macroporous amine-functionalized BPPO membranes as 
the sacrificial template, Fe-doped MnxOy with hierarchically connected 
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macropores and mesopores was successfully fabricated by a nanocasting 
method followed by controlled calcination. The percolating macroporous 
network not only reduced the mass transfer limitations in the electrolyte, but 
also effectively cushioned the volume excursion in the manganese oxide 
conversion reaction. On the other hand the uniformly distributed mesopores 
provided extensive electrode/electrolyte contact to support a high Li+ flux 
across the interface. The amount of iron doping was optimized to provide the 
best balance of electronic and ionic wiring effects. Electrochemical 
measurements showed that the Fe-doped MnxOy-2 composite had the best 
overall performance: a large charge capacity of 620 mA h g-1 for 100 cycles at 
the current density of 200 mA g-1, good rate capability up to 1600 mA g-1 and 
outstanding cycle life even at very high current density (900 cycles at 1500 
mA g-1). The cycle stability of Fe-doped MnxOy-2 composite suggests that it 
has the potential to be a candidate anode material for the next-generation LIBs. 
Furthermore, the convenient and scalable fabrication process, using the 
amine-functionalized BPPO membrane sacrificial template, could also be 








Material innovations are still currently the best approach to elevate the 
performance of LIBs to meet the demands of large-scale energy and power 
intensive applications such as EVs and utility smart grids. The analysis of key 
considerations in these applications including cost, safety and durability has 
called for the replacement of ubiquitous graphite-based anodes in small LIB 
designs. This thesis study examines several possibilities based on earth 
abundant elements (Si, Ti, Fe, Mn). The compounds of these elements in their 
native forms do not have good performance for reversible Li+ storage. 
However, previous studies have demonstrated several nanoengineering 
techniques which may be used to improve the electrochemical performance of 
anode materials in general, for example particle size reduction, morphology 
and microstructure modifications, compositing with a conductive or stress 
absorbing medium, and heteroatom doping. Although some improvements 
have been made in specific performance categories such as capacity and 
cyclability, there has not been too much work on improving the overall 
electrochemical performance of the anode material. This thesis study is an 
attempt in combining composition modulations and nanoengineering 
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techniques to balance functional properties and structural stability of anode 
materials based on the abovementioned earth abundant elements. The major 
findings from this study include the following: 
 
1. The research efforts on developing various carbon/electroactive material 
composites with enhanced electrochemical performance are conducted. The 
first example incorporating the Li host as a porous material overlaid with a 
conductive surface coating was discussed in Chapter 3 and implemented 
through a two-step procedure - hydrothermal synthesis of disk-like α-Fe2O3 
microparticles followed by their phase transformation to carbon-coated porous 
γ-Fe2O3 microparticles by CVD in an acetylene atmosphere. The carbon 
coated γ-Fe2O3 composite prepared as such integrated two components with 
complementary functions: a porous iron oxide core that could be fully 
percolated by liquid electrolyte; and a contiguous nanocarbon coating for 
increased electrical conductivity and modified electrochemical processes on 
the microparticle surface. The selection of the carbon precursor and the 
different ways of integrating the active anode material and a conductive 
medium were examined next. The preparation of C/Fe3O4 composites in 
Chapter 4 and C/Si composites in Chapter 5 demonstrated the use of RTIL as a 
liquid carbon source which could wet the porous structure more completely 
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and formed 3D connected networks of N-doped carbon after heat treatment. 
The quality of the carbon network formed as such (good electrical 
conductivity) and the complete carbon encapsulation of electroactive Fe3O4 
not only effectively cushioned the volume changes in cycling (leading to 
increased cyclability) but also increased the facileness and effectiveness of 
electrochemical processes at the electrode/electrolyte interface (improved rate 
performance and a significantly lower ICL in the first cycle). Chapter 5 also 
identified some additional features of the N-doped carbon matrix – 
suppressing the aggregation of Si nanocrystals during high temperature 
treatment and possibility of optimizing the integration between N-doped 
carbon and Si nanocrystals through the pore size engineering of the SiO2 
precursor. The good electrochemical performance of these electrode 
composites (C/Fe3O4 and C/Si composites) in both projects established 
conclusively the benefits of this N-doped carbon encapsulation technique for 
improving the cyclability and rate performance in reversible Li+ storage. 
 
2. Pristine Ti-based anode materials (TiO2 and LTO) are electronically 
insulating due to the presence of Ti4+ with empty 3d orbitals. The 
morphological and microstructural modifications of anatase TiO2 in Chapter 6 
were attempted to address slow electrode kinetics caused by such innate 
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conductivity issues. A series of TiO2 microspheres with different 
morphologies and microstructures were prepared and their electrochemical 
performance was compared to evaluate the importance of overall morphology 
(particle geometry, surface roughness) and microstructure (crystallite size, 
porosity). The results indicated that microspheres consisting of anatase 
nanocrystallites and a uniform distribution of mesopores could provide 
simultaneous improvement in the transport of Li+ and electrons in the material. 
The carbon/LTO composite in Chapter 7 shows how to incorporate several 
design concepts in a single structure: substitutional fluoride doping to 
introduce Ti3+ in the LTO lattice to improve solid-state electronic 
conductivity, compact structure with nanocrystalline subunits to improve the 
solid-state electron/Li+ diffusion, hollow interior within the structure to 
facilitate electrolyte percolation, and a nanocarbon coating to decrease the 
interparticle electrical resistance. The best-performing LTO anode highlights 
the importance of rationally combing these strategies for the greatest 
complement of functional features. 
 
3. Several structural and compositional features which are favorable to the 
electronic and ionic wirings of metal oxides in the conversion reaction were 
integrated in the design of a Fe-doped MnxOy composite with hierarchical 
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porosity. The optimal amount of Fe dopant not only wired the electroactive 
material to lower the resistance to electron transport, but promoted ionic 
conduction by creating narrowly spaced interfaces at the oxide grain boundary. 
A hierarchical network of macropores and mesopores was used to cushion the 
volume excursion in conversion reaction; and to facilitate electrolyte 
percolation to increase the interfacial contact between the Li+ storage host and 
the electrolyte. Electrochemical measurements of this composite electrode 
finally delivered the anticipated good reversibility, impressive rate capability 
and long cycle life for Li+ storage. 
 
9.2 Future work 
9.2.1 Optimizing the electrode fabrication process and the parameters for 
electrochemical testing 
In the preparation of slurries for pasted electrodes, the different types of 
binders and carbon additives, and their proportions relative to the electroactive 
material should be systematically evaluated and optimized. For example, the 
conventional PVDF binder used in graphite anodes has poor elastomeric 
properties. Alloy type anode materials with large volume variations in 
repeated cycling require a more “sticky” binder capable of a stronger bonding 
with the active particles.276-278 To this end the good performance of the 
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carbon/silicon composite electrode in Chapter 5 could only be realized with 
the use of CMC binder, which increased the cohesion between carbon additive 
and Si to allow the preparation of a more homogenized slurry.279 Electrode 
cyclability is generally a function of test parameters. Previous studies have 
shown that prudent adjustments of the voltage window (upper and lower 
cutoff voltages) can be used to restrain volume changes or particle aggregation 
in Si anodes. For instance, the large structural strain from the transition of 
amorphous Si to crystalline Li15Si4 occurs mostly at voltages below 50 mV, 
thus electrode cyclability can be improved by raising the lower cutoff 
voltage.280,281 However, the improvement of capacity retention through voltage 
control can adversely decrease the anode capacity, thus it is crucial to have the 
right balance between these performance indicators. Many of these effects are 
nonlinear and while there is some qualitative understanding about them in the 
literature, there exist no quantitative guidelines. Indeed for each “new” anode 
material, the electrode preparation method and testing procedures have to be 
optimized to bring out the best material performance. 
9.2.2 Investigation of the SEI layer formed on the metal oxide anodes 
Chapter 4 introduces the technique of using nitrogen-doped carbon 
encapsulation derived from RTIL to modify the electrochemical process on the 
metal oxide electrodes. However, the specific details on how the N-doped 
carbon promoted the formation of a SEI layer with improved stability (where 
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stable species such as LiF and FeF3 were detected), are still unknown and 
warrant further investigations. Indeed there is very limited literature on the 
composition and the mechanism of SEI formation on a heterogeneous surface 
such as metal oxide electrodes. Future research will require the use of 
sophisticated in-situ surface analysis to quantify the composition and structure 
of the SEI layer on oxide electrodes in different stages of discharge and 
charge. Some tests may have to be conducted without carbon additive or 
binder to reduce interference. On the other hand, the proposed surface 
modification technique of N-doped carbon encapsulation can also be further 
explored by varying the N content in the carbon coating through for instance, 
the use of different RTILs as the carbon source.   
9.2.3 Optimization of porosity and free volume 
The free volume in a porous structure and in a hollow structure (hollow 
cavity) eases electrolyte percolation and consequently improves the 
electrode-electrolyte contact. For materials which store Li+ based on 
alloying/de-alloying reactions or conversion reactions, the free volume also 
cushions the large volume excursion of the Li storage host during cycling. 
However, an excess of free volume in the electrode materials is 
counter-productive as it can lead to a significant decrease of volumetric 
capacity. Thus far “trial and error” approaches dominate in the synthesis of 
anode materials and the optimal free volume has seldom been determined. 
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Many of the difficulties lie with the determination of the minimum free 
volume, both theoretically and experimentally, for preserving the mechanical 
integrity of the anode material. For example, even for Si which is often cited 
to undergo ~ 400% volume expansion during lithiation, the minimum free 
volume has never been actually quantified. The minimum free volume is 
expected to depend on both geometry and the anisotropic mechanical 
properties of the structure to expand in directions of free surfaces. In this 
regard the hierarchical porosity of Fe-doped MnxOy structure in Chapter 8 may 
be further refined to optimize the balance between volumetric density, 
electrolyte percolation, accommodation of volume changes as well as 
electrode-electrolyte contact area. The adjustment is relatively easy since the 
size of the macropores can be altered by varying the experimental parameters 
in the breath figure method (such as evaporation rate of toluene or amination 
degree in the functionalized membrane); the size of the mesopores can be 
altered by using different metal precursors, solvent or surfactant in the 
nanocasting process. When the macroporous BPPO membranes are used for 
the synthesis of other materials with hierarchical porosity, the ratio of 
macropore to mesopore in the as-synthesized metal oxides should also be 
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